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ABSTRACT

The evolution of defects at different stages of strain relaxation in low-mismatched
GaAs/GaAs1-xShx/GaAs(001) (x ~ 0.08) heterostructures, and the underlying relaxation
mechanisms, have been comprehensively studied primarily using transmission electron
microscopy (TEM). Aberration-corrected scanning transmission electron microscopy
(STEM) has been used for atomic-scale study of interfacial defects in low-mismatched

GaAs(001)-based and high-mismatched GaSh/GaAs(001) heterostructures.

Three distinct stages of strain relaxation were identified in GaAs/GaAs:.-
xShx/GaAs(001) (x ~ 0.08) heterostructures with GaAsSb film thicknesses in the range of
50 to 4000 nm capped with 50-nm-thick GaAs layers. Diffraction contrast analysis with
conventional TEM revealed that although 60° dislocations were primarily formed during
the initial sluggish Stage-I relaxation, 90° dislocations were also created. Many curved
dislocations, the majority of which extended into the substrate, were formed during
Stage-11 and Stage-I11 relaxation. The capping layers of heterostructures with larger film
thickness (500 nm onwards) exhibited only Stage-I relaxation. A decrease in dislocation
density was observed at the cap/film interface of the heterostructure with 4000-nm-thick
film compared to that with 2000-nm-thick film, which correlated with smoothening of
surface cross-hatch morphology. Detailed consideration of plausible dislocation sources
for the capping layer led to the conclusion that dislocation half-loops nucleated at surface

troughs were the main source of threading dislocations in these heterostructures.

Aberration-corrected STEM imaging revealed that interfacial 60° dislocations in
GaAs/GaAsSh/GaAs(001) and GaAs/GaAsP/GaAs(001) heterostructures were

dissociated to form intrinsic stacking faults bounded by 90° and 30° Shockley partial
i



dislocations. The cores of the 30° partials contained single atomic columns indicating that
these dislocations primarily belonged to glide set. Apart from isolated dissociated 60°
dislocations, Lomer-Cottrell locks, Lomer dislocations and a novel type of dissociated

90° dislocation were observed in GaAs/GaAsSb/GaAs heterostructures.

The core structure of interfacial defects in GaSb/GaAs(001) heterostructure was
also investigated using aberration-corrected STEM. 90° Lomer dislocations were
primarily formed; however, glide-set perfect 60° and dissociated 60° dislocations were
also observed. The 5-7 atomic-ring shuffle-set dislocation, the left-displaced 6-8 atomic-
ring glide-set and the right-displaced 6-8 atomic-ring glide-set dislocations were three
types of Lomer dislocations that were identified, among which the shuffle-set type was

most common.
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CHAPTER 1

INTRODUCTION

1.1 Semiconductors

Semiconductors are materials with electrical conductivity much less than for
metals but much more than for insulators. Semiconductors consist of elemental
semiconductors, which are the group 1V elements, and compound semiconductors, which
are composed of two different elements, such as group 111 and group V, group Il and
group VI, and group 1V with group VI. Silicon is the most widely used elemental
semiconductor while gallium arsenide and gallium nitride are the two most commonly
used compound semiconductors. Further, semiconductors can be alloyed to produce
compound semiconductors (e.g., SiGe), ternary semiconductors (e.g., InGaAs),
quaternary semiconductors (e.g., GalnAsSb) and even quinary semiconductors (e.g.,

GalnAsShP).

Band-gap energy, Eg, is an important parameter for semiconductors. Eg is defined
as the energy gap between the top of the valence band and the bottom of the conduction
band. Semiconductor band-gaps can be classified as either direct or indirect depending on
whether the maximum of the valence band and the minimum of the conduction band are
at the same k-value, where k is the wavenumber [1]. The band-gaps of Si - an indirect
band-gap semiconductor - and GaAs - a direct band-gap semiconductor - are 1.11 eV and
1.43 eV, respectively. Insulators have much wider band-gaps, typically in the range of 5.0

- 10 eV, while the valence and conduction bands in metals are partially overlapped.



There are very few electrons in the conduction band of a semiconductor at very
low temperature. In response to external stimuli, such as electric field or light, it is
possible to excite electrons from the valence band to the conduction band where they are
free to move and conduct current. The conductivity of semiconductors can be greatly
improved by doping with impurity atoms either by diffusion or ion implantation. Dopant
atoms may contribute electrons to the conduction band to create n-type semiconductors.
Conversely, p-type semiconductors are created when dopant atoms contribute holes to the

valence band [1].

1.2 Semiconductor heterostructures

(a) (b) (©)

Ecl

Ecl Ecl

| EC? Ec2
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vl Type-l Type-ll Type-lll

Fig. 1.1: Schematic diagram showing the three types of band alignment in undoped
heterojunctions: (a) Type-I, (b) Type-Il, and (c) Type-1ll heterostructures. Ec1 and Ec, are
the conduction-band edges and Ev: and Ey2 are the valence-band edges of the two

materials forming the heterojunction.

Semiconductor heterostructures are formed when two or more dissimilar semiconductor
materials are combined. The materials interface in semiconductor heterostructures is

known as a heterojunction, and can be classified as Type-I, Type-Il or Type-III,



depending on the arrangement of bands across the heterointerface. The band

arrangements in these three types of heterojunctions are illustrated in Fig. 1.1.

Type-1 heterojunction: These heterojunctions are formed when the conduction-band and
valence-band edges of the narrower band-gap material lie entirely within the band-gap of
the wider band-gap material, i.e., Ec1 > Ec2 and Evi < Ev2. This type of heterostructure is

known as a straddling-gap type-1 heterostructure.

Type-11 heterojunction: In the case of Type-II heterojunctions, the conduction-band and
valence-band edges of one material are each lower than in the other material, i.e., Ec1 >
Ec2, Evi > Ev2and Ec2 > Ev1. This type of heterostructure is known as a staggered-gap type-

Il heterostructure.

Type-I11 heterojunction: These heterojunctions are characterized by no overlap between
the band-gaps of the two materials, i.e., Ec1 > Ec2 and Ev1 > Ec2. This type of

heterojunction is known as a broken-gap type-I11 heterostructure.
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Fig. 1.2: Plot of band-gap energy vs. lattice constant for Si, Ge and common Il1-V

semiconductors [2]



Semiconductor heterostructures are widely used for many optoelectronic
applications such as multi-junction solar cells, lasers, and light-emitting diodes [3].
Figure 1.2 shows band-gap energy vs. lattice constant for Si, Ge and different 111-V
semiconductors. Combining materials with different band-gaps allows absorption of
incident photons over a wider energy range, thus providing access to a broader range of
wavelengths, which is advantageous for optical detectors and other optoelectronic
devices. The feasibility of alloying compound semiconductors to produce ternary (eg.-
InxGai-xAs) and quaternary (eg.- InxGaixAs1-yPy) semiconductors opens up the option for
a wider range of materials that can be combined [4]. However, differences in lattice
constants between the film and the substrate will cause interfacial misfit strain, which can
potentially introduce defects into the film layer and thus degrade device performance. In
addition to the three basic types of heterostructures, more complex heterostructures such
as double heterostructures (e.g., quantum wells, wires, and dots), superlattices, and
modulation-doped heterostructures are increasingly being studied and used in device
applications. The surface energies of the film and the substrate, as well as the interfacial

energy, give rise to different growth modes, which are discussed in the following section.

1.3 Growth modes
The growth modes for epitaxial thin films on a substrate are three types [5]:

i) Frank-van der Merwe (FM) growth: FM or layer-by-layer growth, shown schematically
in Fig. 1.3(a), occurs wheny, < yg + y*, where y, is the surface energy of the

substrate material A, yj is the surface energy of the film material B and y* is the



interfacial energy. In this case, the deposited atoms are more attracted to the substrate

than they are to each other.

ii) Stranski-Krastanov (SK) growth: SK growth is characterized by an initial several
monolayers of layer-by-layer growth followed by growth in the form of islands. In this
mode, the interfacial energy increases as the layer thickness increases, which leads to a
shift from layer-by-layer growth mode to the island growth mode, as shown in Fig.

1.3(b).

iii) Volmer-Weber (VW) growth: The VW or island growth occurs wheny, > yg + v™.
The deposited materials tend to cluster together, thus growing as separate islands. The

VW growth mode is schematically depicted in Fig. 1.3(c).

(a) (b)
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Fig. 1.3: Growth modes in epitaxial thin film growth - (a) FM layer-by-layer growth, (b)

SK layer + island growth and (c) VW island growth. 6 is the coverage expressed in

monolayer (ML).



1.4 Strained layer epitaxy

Electronic devices require materials of the highest possible crystalline quality,
which can be achieved by epitaxial growth of thin films on suitable substrates. Due to
differences in lattice parameter as well as thermal expansion coefficients between films
and substrate, misfit strain is invariably introduced at the film/substrate interface. Strain
provides an extra degree of freedom to alter the band structure in semiconductor
materials, since strain can change the band-gap energy [6]. Strain might cause a reduced
valence-band density of states and reduction in Auger recombination process, which in
turn lead to reduced threshold current densities in lasers [7]. However, the misfit strain
often gives rise to line defects such as dislocations at the interface [8]. These dislocations
might have dangling bonds at their cores, which may introduce deep-level energy states
in the band gap [9]. Thus, dislocations may act as sites for electron-hole pair
recombination and reduce minority carrier lifetimes [10]. The tolerable density of

dislocations can be as low as 10° cm™ in some minority-carrier devices [11].

A thorough understanding of defect creation and evolution in semiconductor
heterostructures is essential in order to develop approaches to growth that result in defect
densities within permissible limits. The following section describes different aspects of
the dislocations that are generated during strain relaxation in heteroepitaxial systems.
Both relaxation kinetics and electronic properties have been found to be dependent on
atomic arrangements at the defect cores, which are described in a later section of this

chapter.



1.5 Strain relaxation in epitaxially-grown lattice-mismatched heterostructures

1.5.1 Critical thickness

The misfit strain across an interface is considered to be bi-axial and can be expressed as:

e= — (L) (L1)

as
where a; and a are the lattice parameters of the film and the substrate, respectively.

Up to a certain thickness, the elastically-strained films can be grown
pseudomorphically, thereby maintaining coherency with the underlying substrate. The

elastic strain energy in the case of isotropic material can be expressed as [12]

E = 21 (1) e2h (1.2)

1-v
where p and € are shear modulus and misfit strain, respectively.

Dislocations serve to relieve misfit strain in the film, but they create distortions in
the crystal and thus have associated strain energy. The elastic component of the strain

energy of a mixed dislocation can be written as [13]:

E, = M0veosO, (B) (13)

4t (1-v) r

where b is the Burgers vector of the dislocation, € is the angle between the Burgers vector
and the line direction of the dislocation, R is the outer cut-off radius and r is the inner cut-

off radius of elastic strain field associated with the dislocation.



Since the elastic strain energy caused by misfit strain at the interface is
proportional to film thickness, a point is reached with increased film thickness where the
elastic strain energy becomes sufficiently large to create interfacial misfit dislocations.
This point marks the onset of strain relaxation in the film, and the corresponding
thickness is usually called the critical thickness. Mathematically, the critical thickness
can be determined by minimizing the total energy of the system (Ee+Eqd) with respect to e.
However, this energy model of critical thickness does not take into account the Schmid
factor, which describes the orientation of the glide plane relative to the applied stress
direction, and is often an important consideration for 60° dislocations which lie in the
{111} planes and glide to relieve misfit strain in low-mismatched heterostructures. Thus,
a force model that includes the Schmid factor is normally used to determine the critical
thickness in a material system where 60° dislocations are prevalent [12]. This critical

thickness (h¢) is expressed as [4]:

he = 2Uovees D)y (£) (1.4)

- 8m(1+v)ecosA r

where A is the angle between the Burgers vector and the normal to the dislocation line

direction at the interface.
1.5.2 Geometry and type of misfit dislocations

60° and 90° dislocations are the two main types of dislocations commonly
observed in epitaxially-grown semiconductor heterostructures with films and substrates
of either diamond-cubic or sphalerite crystal structure. These angles are the characteristic

angle, 8, which is the angle between the Burgers vector and the dislocation line direction.



60° dislocations are prevalent in low-mismatched heterostructures when the misfit strain
is less than ~1.5%, whereas 90° dislocations are most commonly created in high-

mismatched heterostructures [12].

(a) (b)

threading di€location

7 [001]
Film

isfit dislocati ——
1misit 1510oca 1011‘/ [010]

Substrate
[100]

Fig. 1.4. Schematic description of: (a) 60° misfit dislocation formation by glide of
threading dislocation segment, and (b) final network of misfit dislocations at the interface

plane.

The mechanism for the formation of 60° dislocations in (001)-grown
heterostructures is shown in Fig. 1.4(a). These dislocations lie on {111} planes which are
the slip plane for diamond-cubic/sphalerite crystals. Thus, the threading segments can
easily glide in the inclined {111} planes to create misfit dislocation segments at the
interface plane. These {111} planes intersect the (001) interface plane along [110] and
[110] directions. Hence, misfit dislocations lie along the two <110> directions at the
(001) interface plane. Figure 1.4(b) illustrates the final dislocation configuration after all
the threading dislocations have escaped through the side-walls of the wafer. In reality,
this might not happen - in which case the threading dislocations either escape through the
film surface or they end on a misfit dislocation at the interface creating a dislocation loop.

Although 60° dislocations have low formation energy and can easily propagate to relieve



misfit strain, they are only 50% effective in relieving the strain. This is because their
Burgers vectors are inclined to the interface plane and only the in-plane edge components

are effective in relaxing the bi-axial misfit strain.

Creation and propagation of 90° dislocations is not energetically favorable since
these dislocations lie on the (001) plane which is not a low-Peierls-stress plane in
semiconductors. However, these dislocations are fully effective in relieving misfit strain
since their Burgers vector lies completely in the interface plane. They are primarily

formed in high-mismatched systems.

In this dissertation research, the primary focus is on strain relaxation in low-
mismatched heterostructures since the strain relaxation mechanisms were being
investigated in GaAs/GaAs1.xShx/GaAs materials that had a misfit strain of about 0.6%,

and thus fall in the low-mismatch category.

1.5.3 Dislocation nucleation and interaction events in low-mismatched heterostructures

It has been experimentally observed that epitaxial films can be grown beyond the
theoretical critical thickness up to a second critical thickness while not being measurably
relieved [14]. This metastable regime of film growth is dependent on growth conditions
[15], and is attributed to the sluggish kinetics of strain relaxation in the early stages of
growth [16]. The two major factors that control the relaxation Kinetics at this point are
dislocation nucleation and mobility [16,17]. Dislocation nucleation is an important aspect
of strain relaxation in lattice-mismatched systems, albeit poorly understood. There have
been several proposals about possible dislocation sources in semiconductor

heterostructures. Dislocations in the substrate are considered to be one of the primary
10



sources for grown-in threading dislocations [8]. However, the dislocation densities of
films that have undergone only the early stages of relaxation are orders of magnitude
larger than the typical dislocation densities for Si and GaAs substrates. Hence, grown-in

threading dislocations cannot be the only source for these dislocations.

The homogeneous nucleation of dislocation half-loops at surfaces has been
considered as a possible source of dislocations. These half-loops expand under the
application of misfit stress and eventually reach the strained interface to create two
threading dislocations that then move laterally in opposite directions to deposit misfit
dislocations at the interface. However, theoretical calculations have shown that the
energy required for homogeneous nucleation is 50-88 kgT, which is available only in
high-mismatched systems with misfit strains of greater than 5% [18]. However,
heterogeneous nucleation of dislocation half-loops is plausible at surface steps [19] and
other points of stress concentration caused by local fluctuations in composition in alloyed
semiconductors [20], or trace impurities of Cu [21], even in low-mismatched

heterostructures.

In addition to dislocation nucleation and multiplication, dislocation interaction
events such as blocking and annihilation can play a major role in the strain relaxation
process. Analytical [22] and numerical [23] studies of dislocation blocking, as well as
experimental observations [24], have been reported. Dislocation blocking may occur as a
result of long-range or short-range interactions between threading/threading or
threading/misfit dislocations with parallel Burgers vectors. Dislocation blocking
increases the number of threading dislocations in the film, which can be extremely

deleterious for device performance.

11



Dislocation annihilation is commonly observed in high-mismatched
heterostructures where the density of threading dislocations are orders of magnitude
higher than for low-mismatched structures [25]. Threading dislocations having opposite
Burgers vectors attract and eventually annihilate each other. However, due to the
substantially lower dislocation density in low-mismatched heterostructures, dislocation
annihilation may not be as effective. Thus, producing low-defect-density heterostructures
by growing thicker epilayers such that considerable dislocation annihilation is achieved,
which has been proven to be successful for high-mismatched heterostructures [26], may

not be a viable option for low-mismatched heterostructures.

1.5.4 Asymmetric strain relaxation in low-mismatched heterostructures

Asymmetric distribution of misfit dislocations in the early stage of relaxation has
been widely reported in compound semiconductor heterostructures [27-34]. The reasons
for asymmetry have been argued to be the differences between nucleation barrier [35]
and/or glide velocity [29] of the two types of 60° dislocations: a- and B-dislocations that
have their extra half-planes terminated by group-V and group-I11 elements, respectively.
In addition to the fundamental difference in the chemical nature of a and -dislocation
cores, deformation tests on bulk materials have been reported that the nature of doping
and impurities may have large effects on dislocation velocity [36,37]. The general
consensus is that the a-dislocations have higher velocity in undoped and n-type materials,
whereas the B-dislocations have higher velocity in p-type materials [37]. However, it is
well-known that deformation experiments tend to cause segregation of point defects and

impurities along dislocation cores [38]. Hence, the mobility of the dislocations can be

12



substantially altered in the case of deformation experiments in comparison to crystal

growth processes which are, on the other hand, are much cleaner.

There have been contradictory reports on whether the density of a-dislocations is
higher than the density of B-dislocations at heterointerfaces. Some researchers reported
that the density of dislocations along the [110] direction is higher than the [110]
direction in InGaAs/GaAs heterostructures [28,29,31,35], while others observed the
opposite trend [32,39]. Moreover, the reason for asymmetry is still debated. While Fox et
al. argued that only the Peierls barrier to dislocation glide is different for the two types of
dislocations [29], Fitzgerald et al. suggested that the nucleation barrier could also be
different [35]. Thus, it can be concluded that the fundamental aspects of asymmetric

strain relaxation in semiconductor heterostructures remain poorly understood.

1.6 Core structure of defects

The core structure of defects in semiconductors significantly influences the
electronic and mechanical properties. Non-radiative recombination of electron-hole pairs
at the defect core is a well-known phenomenon and is likely to be dependent on the
specific core structure of the defect [40]. Thus, understanding the detailed core structure
of defects is important. In this dissertation research, a primary focus has been on the core
structure of 60° dislocations, which are the most common type of misfit dislocation found

in low-mismatched heterostructures.
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1.6.1 60° dislocations
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Fig. 1.5. (a) [110] and (b) [110] projected structures of shuffle-set 60° negative
dislocation showing extra half-planes that are terminated by As and Ga atoms,
respectively; (c) [110] and (d) [110] projected structures of glide-set 60° negative
dislocation showing that the extra half-planes are terminated by Ga and As atoms,

respectively.

In non-centrosymmetric crystals such as 111-V and I11-VI semiconductors, 60°
dislocations are classified as a and B dislocations, based on the chemical nature of the
dislocation core. In this dissertation it has been maintained that a-dislocations are
terminated by group-V atoms and B-dislocations are terminated by group-111 atoms.

These dislocations have different mobility [29,41], and may be responsible for

14



asymmetric strain relaxation in (001)-grown heterostructures involving non-
centrosymmetric materials [27,30,31,34]. The sign of the dislocation, and whether the
dislocation belongs to glide set or shuffle set, determine the chemical nature of the core

[28].

The two sub-lattices in diamond-cubic or zincblende semiconductors are shifted
by a/4[111] lattice vector, where a is the lattice parameter. Consequently, the {111}
planes can be closely-spaced or widely-spaced. As shown by the horizontal black lines in
Figs. 1.5(a) and (b), when shear happens between the widely-spaced {111} planes, the
dislocation generated would belong to the shuffle set whereas glide-set dislocations are
created by shear operation between two closely-spaced {111} planes, as indicated in

Figs. 1.5(c) and (d) by the horizontal black lines.

Figure 1.5 illustrates the 110 and 110 projected structure of negative 60° glide-
set and shuffle-set dislocations in GaAs. The dislocation line coincides with the
projection direction. The extra half-plane is As-terminated in the shuffle-set dislocation in
Fig. 1.5(a), which has a [110] dislocation line. The shuffle-set dislocation with [110]
dislocation line has Ga-terminated extra half-plane. The situation is reversed for a glide-
set dislocation. As shown in Figs. 1.5(c) and (d), for dislocations with [110] and [110]
line directions, the dislocation cores contain Ga-terminated and As-terminated extra half-
planes, respectively. Thus, for a negative dislocation, the a-dislocation (As-terminated
core) would have [110] line direction if it is a glide-set dislocation but the a-dislocation
would have [110] line direction for a shuffle-set dislocation. Similarly, the -dislocation
(Ga-terminated core) would have [110] or [110] line direction depending on whether it

is a glide-set or shuffle-set dislocation. The line directions corresponding to a- and -
15



dislocations are reversed in the case of positive 60° dislocations, which relieve misfit
strain in tensile-strained films. For such dislocations, a-dislocations have [110] or [110]
line directions and B-dislocations have [110] or [110] line directions, depending on

whether they belong to glide set or shuffle set.
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Fig. 1.6. [111] projected images of: (a) Perfect diamond crystal, (b) unreconstructed core

Caari sk
o T
TYIVYYY

Catadlnle’

of 30° partial, (c) unreconstructed core of 90° partial, (d) double-period reconstructed
core of 30° partial, (e) single-period reconstructed core of 90° partial, and (f) double-
period reconstructed core of 90° partial. The black and white atoms represent atomic

layers that are just below and above the (111) glide plane [42].
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Figure 1.6(a) shows two atomic layers below (black circles) and above (white
circles) the (111) glide plane of a perfect diamond cubic lattice viewed in [111]
projection. In the case of a sphalerite lattice, the atoms below and above the glide plane
have different chemical elements. An intrinsic stacking fault can be introduced by
shifting the black atoms into the centers of the unoccupied white triangles in three
different ways, as indicated in Fig. 1.6(a). The angle between the shift direction and the
line direction, which is the interface separating the shaded faulted region and the perfect
crystal, determines the character of the partial dislocation. Hence, each {111}-type glide
plane would have 30° partials of two possible Burgers vectors but a unique 90° partial

that can generate an intrinsic stacking fault.

The core structure of the 30° partial dislocation is shown in Fig. 1.6(b). For
sphalerite structures, the unreconstructed core of glide-set 30° partial is characterized by
the absence of any wrong cation-cation/anion-anion bond in its core. An alternative
reconstructed structure, distinguished by double-periodicity along the dislocation line, is
shown in Fig. 1.6(c). Ab initio calculation has shown that this reconstructed core has
significantly reduced core energy for silicon [43]. Figure 1.6(d) shows the core structure
of an unreconstructed 90° partial in {111} projection. The dangling bonds at this core
provide a strong driving force for reconstruction. Two possible configurations of
reconstructed 90° partial have been identified: single-period (SP) and double-period (DP)
reconstruction [44]. These are shown in Figs 1.6(e) and (f), respectively. The differences
between the core energies corresponding to these two configurations is rather small, and
thus there is a possibility of co-existence of both along the dislocation line of the 90°

partial [42].
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Interaction of point defects and impurities with dislocation core [45], and the
presence of kinks and anti-phase defects along the core, can generate numerous atomic
configurations of the dislocation core [46]. While many of these configurations are
predicted by atomistic calculations, experimental evidence has hardly been reported. The
most direct experimental technique to study the atomic structure of dislocation cores is
high-resolution electron microscopy (HREM). However, experimental conditions
including sample geometry as well as strain fields around the dislocation core, make this

task extremely challenging [47,48].

1.6.2 Interaction of 60° dislocations

Dissociated 60° dislocations on intersecting glide planes may interact with each
other to form Lomer-Cottrell locks and Hirth locks [49]. For both type of locks, the 30°
partials react to form stair-rod dislocations, which are sessile in nature. Formation of such
dislocations locks the motion of dislocations on their corresponding glide plane, and
thereby contribute to work-hardening. In the case of Lomer-Cottrell locks, the two
stacking faults meet at an acute angle (70.5°). The cores of the two reacting 30° partials
have the same chemical configuration and are separated by a cation-anion pair. The
resultant dislocation, namely a stair-rod dislocation, has a Burgers vector of a/6(110)
type. In the case of Hirth lock dislocations, the intrinsic stacking faults meet at an obtuse
angle (109.5°). Here, the reacting 30° partials have cores of dissimilar polarity and the
resultant stair-rod dislocation has a Burgers vector of a/3[001]-type [49]. Undissociated

60° dislocations on intersecting glide plane may interact to form Lomer edge dislocations
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with compact core structure or they can reside as a pair of dislocations that are a few unit

cells apart [50].

1.7 Outline of dissertation

This dissertation describes a comprehensive investigation of strain relaxation
mechanisms and the characterization of defects created in GaAs(001)-based lattice-

mismatched heterostructures grown by molecular beam epitaxy (MBE).

Chapter 2 introduces the experimental methods used to grow and characterize the
samples investigated in this research. A brief description of the MBE growth method and
the equipment used to grow the semiconductor heterostructures studied in this
dissertation is provided. Transmission electron microscopy-based techniques including
convergent beam electron diffraction, high-resolution transmission electron microscopy,
and scanning transmission electron microscopy are described. Other characterization
techniques such as X-ray diffraction and atomic-force microscopy (AFM) are also briefly

introduced.

Chapter 3 reports a detailed investigation of strain relaxation mechanisms in
GaAs/GaAsSh/GaAs heterostructures with GaAsSb film thicknesses in the range of 50 -
4000 nm. Defects formed at the heterointerfaces were characterized using the standard
g.b method in conventional TEM. Additionally, the surface morphology of the
heterostructures was characterized using the AFM technique and correlated with misfit
dislocation density at the GaAs cap/GaAsSb film interface.

Chapter 4 reports atomic-scale characterization of interfacial defects in low-

mismatched semiconductor heterostructures using aberration-corrected scanning
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transmission electron microscopy. The Burgers vectors of the dislocations were identified
using Burgers circuit analysis. Possible dislocation reactions leading to dissociation and
formation of junctions were proposed. The core structure of the Shockley partial
dislocations in the HAADF-STEM images were compared with previously proposed

phenomenological atomic structural models of these defects.

Chapter 5 describes atomic-scale characterization of interfacial defects in high-
mismatched GaSbh/GaAs(001) heterostructures. Contrast analysis of aberration-corrected
HAADF-STEM images of interfacial dislocations such as Lomer dislocations, perfect
and dissociated 60° dislocations was performed and compared with previously proposed

and/or observed structural models in order to identify the core structure of these defects.

In Chapter 6, a summary of the results is provided, and important conclusions are

described. Opportunities for future work are also discussed.
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CHAPTER 2

EXPERIMENTAL METHODS

This chapter provides a brief description of the experimental techniques that were
used to grow and characterize the semiconductor heterostructures that were studied in this
dissertation. These heterostructures were grown using the technique of molecular beam
epitaxy (MBE) and were characterized using transmission electron microscopy (TEM) as
well as high-resolution x-ray diffraction (HR-XRD) and atomic force microscopy (AFM).
Conventional TEM was used for bright-field imaging of plan-view and cross-sectional
samples, and also for recording convergent beam electron diffraction patterns.
Aberration-corrected scanning transmission electron microscopy was used for atomic-
scale imaging of defect cores. Samples for TEM observation were prepared using

polishing, dimpling and argon-ion milling at liquid nitrogen temperature.

2.1 Molecular beam epitaxy

Molecular beam epitaxy (MBE) is a technique used to grow epitaxial films by
impinging thermal beams of molecules onto heated substrates under ultra-high vacuum
conditions. MBE is employed to grow a wide range of materials, including
semiconductors, oxides and metals. Despite the fact that growth rate in MBE is
comparatively slow, typically about 1 um/hr, its capability of producing abrupt interfaces
and precise doping profiles makes MBE an ideal approach to realize many unique types
of semiconductor structures, such as quantum wells, superlattices, and modulation-doped

heterostructures [1].
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The GaAs(001)-based heterostructures studied in this research were grown using
a Veeco Applied Epi Mod Gen |11, which is a solid-source MBE system. The Group-V
materials such as As, Sb and P were injected through cracker tubes, whereas the Group-
Il materials were evaporated in Knudsen effusion cells. The substrates were rotated
using a continual azimuthal-rotation (CAR) unit to ensure uniform growth. A flux
monitor was used to measure the beam flux, which was controlled by opening the cracker
valve for the Group-V materials, and by changing the effusion cell temperatures and
controlling mechanical shutters in the case of group-111 materials. The system was
equipped with a residual gas analyzer (RGA) and reflection-high-energy electron
diffraction (RHEED) for in situ monitoring during growth. The RGA provided
information about the presence of any impurities in the growth chamber, while RHEED

was used to monitor deoxidation, surface reconstruction and growth-rate calibration.

Buffer
Chamber
Crvo panels

lonization gauge _‘_% \
/ [ = Beam flux monitor
CAR assembly H

<«——Substrate heater

RHEED screen
I RHEED gun
RF Plasma g Group-TIT
(1jcelctn‘c & (Ga.In. Al)
nitrogen)

Dopants Effusion cells  Group-V
(S1.Be) (As. Sb. P,
Bi)

Fig. 2.1. Schematic of MBE system used for growing the semiconductor heterostructures

investigated in this study.
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The substrate surfaces were initially deoxidized for 15 minutes at elevated temperature.
Subsequently, 300-nm-thick GaAs buffer layers were grown at substrate temperatures of
600 °C. The 11I-V epilayers were typically grown at 500 °C at growth rates of 0.72
um/hr. The V/I11 equivalent beam pressure ratio used was 15. Finally, 50-nm-thick GaAs

capping layers were usually deposited on the epilayers at ~ 600 °C.

2.2 X-ray diffraction

X-ray diffraction (XRD) is widely used to characterize different aspects of thin
epitaxial films deposited on thick substrates [2]. In this research, the high-resolution x-ray
diffraction (HR-XRD) technique was used to evaluate epilayer quality and to determine
film composition and the extent of strain relaxation. The XRD scans were collected using
a PANalytical X'Pert PRO MRD machine. w-26 double-crystal scans were typically
recorded in the vicinity of (004) reflections to obtain lattice parameters of the epitaxial
films. Vegard's law was then used to calculate the film compositions. Triple-crystal ®-
rocking curves were often recorded to gain qualitative understanding of any relaxation in
the films. Strain relaxation in the epilayers was quantified using high-resolution

reciprocal-space maps recorded under asymmetric (224) diffraction conditions.

2.3 Transmission electron microscopy

Transmission electron microscopy (TEM) is a characterization technique widely
used for imaging many types of physical and biological materials, as well as for obtaining
analytical information using suitable spectrometers. Ruska built the first electron
microscope in the early 1930s [3], with a resolution of ~10 nm. Electron microscopy has

since come a long way in terms of improved resolution. Aberration correction in the late
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1990s helped bring about the realization of sub-Angstrom resolution in the electron
microscope [4,5], making it possible to routinely obtain atomic-resolution images of

many diverse types of materials.

In TEM, the electron beam interacts with a thin electron-transparent sample, and
transmitted electrons are used to form amplitude-contrast, phase-contrast and mass-
thickness contrast images. Amplitude-contrast images are formed by selecting either the
direct beam or one of the Bragg-diffracted beams using a small objective aperture. Phase-
contrast high-resolution TEM (HRTEM) images, on the other hand, are formed using a
large objective aperture that encompasses multiple diffracted beams as well as the central
beam. Both amplitude-and phase-contrast TEM imaging require a parallel beam
configuration. Conversely, scanning transmission electron microscopy (STEM) images
are formed by rastering a focused electron probe across the sample. The high-angle
annular-dark-field (HAADF) imaging mode in the STEM uses elastically-scattered
electrons to form an image. The image intensities in HAADF images are proportional to
Z°% where Z is the atomic number and « is typically in the range of 1.6 to 1.9 [6]. Due to
the predominantly incoherent nature of the image, image interpretation of the HAADF-
STEM images is relatively straightforward with no contrast reversals with either defocus
or specimen thickness. This is a great advantage over HRTEM images, which undergo
contrast reversals with changes in defocus and/or specimen thickness, so that detailed
image interpretation should be supplemented by image simulations. Recent advances in
aberration correction have enabled formation of high-intensity finely-focused electron
probes that allow routine production of sub-Angstrom resolution STEM images [7]. Both

HAADF and large-angle bright-field (LABF) STEM imaging enable individual atomic
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columns in compound semiconductors to be resolved in low-index zone axes projections
[8]. In addition, HAADF-STEM imaging can be combined with electron-energy-loss
spectroscopy (EELS) and energy-dispersive X-ray spectroscopy (EDXS) to obtain

simultaneous chemical information at high spatial resolution.

In this dissertation research, conventional transmission electron microscopy
(CTEM) was mostly carried out using a Philips-FEI CM-200 FEG TEM operated at 200
keV. This microscope had an interpretable resolution limit of ~2.5 A. Aberration-
corrected electron microscopy was carried out using a probe-corrected JEOL ARM-200F
microscope which had an instrumental resolution of ~0.8 A when operated at 200 keV.
The probe convergence angle was ~22 mrad and the inner and outer detector collection
angles for HAADF-STEM imaging were 90 and 150 mrad, respectively. The LABF

images were typically recorded with collection angles of 0~20 mrad.

2.3.1 Convergent beam electron diffraction (CBED)

Convergent beam electron diffraction (CBED) patterns are obtained by
focusing the electron beam onto small sample areas. CBED patterns are rich in
crystallographic information and can therefore be used for determination of point groups
and space groups, thickness measurement, lattice strain measurement, defect
characterization, and determination of structure factor and charge density [9]. The recent
development of pixelated direct electron detectors has made recording and storage of
CBED patterns possible at every pixel of 2D STEM images, thereby generating 4D-

STEM datasets that can be used for diverse applications such as phase, strain and
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orientation mapping, thickness measurement, differential phase-contrast imaging, and

ptychography [10].

In this dissertation research, the CBED technique was used in TEM mode to
determine sample crystal polarity. The CBED patterns were obtained from GaAs
substrate in <110> zone-axis orientation by using a condenser aperture that was small
enough to avoid overlap between diffraction discs. These experimental <110> zone-axis
CBED patterns were then matched with simulated CBED patterns to determine the
crystal polarity. The CBED simulations were carried out using JEMS, which is a
commercial software package widely used for CBED, HRTEM and HRSTEM simulation

[11].

2.3.2 Imaging

In these studies, bright-field images were recorded in either [001] plan-view and
<110> cross-sectional geometries. For g.b Burgers circuit analysis, samples were usually
tilted to obtain two-beam diffraction conditions with <220> beams excited. This imaging
condition was ideal for identifying the Burgers vectors of dislocations by exploiting strain
contrast from the dislocation lines. Additionally, high-resolution TEM (HRTEM) was
carried out to visualize the defect structures in greater detail. HRTEM is a phase-contrast
technique that relies on interference between diffracted beams transmitted by the sample.
HRTEM images should, in general, be regarded as lattice fringe images, since the fringe
positions may not correspond to atomic positions. Moreover, the resolution needed for
unravelling dislocation core structures of interest in this dissertation is well beyond the

interpretable resolution of the non-aberration-corrected CM-200 microscope. Hence,
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interpretation of HRTEM images of dislocation cores must be accompanied by image
simulations with experimental input such as defocus, spherical aberration co-efficient,
and sample thickness [12,13]. The latest generation of aberration-corrected STEM images
can however routinely produce images with sub-Angstrom resolution. Thus, details of the
dislocation core structures were investigated using aberration-corrected HAADF and

LABF STEM imaging, as described in the following chapters.

2.4 Sample preparation for TEM

TEM samples in either plan-view or cross-sectional orientations, were prepared
by conventional polishing, dimpling and argon-ion milling with the specimen held at
liquid-nitrogen temperature to avoid image artefacts produced by ion irradiation. Cleaved
semiconductor samples were typically cut in ~2x1 mm? size using a diamond blade. For
cross-sectional sample preparation, two samples were then glued face-to-face using M-
bond epoxy adhesive and cured in an oven at about 95°C for more than 2 hours. The
cured sample was then attached to a glass stub using wax for polishing and dimpling.
Diamond lapping films were used to polish the samples down to thicknesses of ~80-100
um, followed by dimpling, which was carried out using a cloth wheel to thin the sample
to 5-15 um. A copper washer ring was then glued to the four corners of the sample, which
was then cured in an oven. The sample was subsequently removed from the glass stub by
dissolving the wax with acetone. The next step was argon-ion milling, which was mostly
performed using a Gatan PIPS 691 model with the sample held at liquid-nitrogen
temperature. The guns were tilted at 7° and the dual-beam mode was used for milling.
The energy used was usually 2.5-2.7 keV. The milling operation was normally stopped

when an elliptical hole appeared near the center of the sample. Finally, a cleaning
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operation was usually performed using 2-keV argon ions. Plan-view samples were
prepared using a similar method, with the only difference being that no glue was
required, and the cut samples were polished, dimpled and ion-milled from the substrate

side only.

2.5 Atomic Force Microscopy (AFM)

Atomic force microscopy is a type of scanning probe microscopy where a tip,
attached to the free end of a cantilever, is rastered across the sample surface [14]. The
force between the tip and the surface profile is measured by tracking the cantilever
deflection. This deflection is tracked by reflecting a laser beam off the cantilever onto a
position-sensitive photodetector. Subsequently, an image showing the sample surface
topography is obtained. A Bruker Multimode 8 AFM operated in tapping mode was used
to generate images of the sample surfaces. Typically, the sample surface was rastered at

an angle of 45° to reveal the cross-hatch surface morphology.
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CHAPTER 3

STRAIN RELAXATION IN LOW-MISMATCHED GaAs/GaAs;.

xSbx/GaAs HETEROSTRUCTURES

3.1 Introduction and Motivation

GaAs/GaAsSh/GaAs quantum well structures are attracting interest for long-
wavelength optoelectronic device applications [1]. Band structure calculations have
shown that the type of band alignment depends on whether the GaAsSb layer is
pseudomorphic or fully relaxed [2]. Moreover, the defects created as a result of strain
relaxation in these heterostructures, which act as non-radiative recombination centers for
electron-hole pairs, can seriously degrade device performance. Strain relaxation in
epitaxial semiconductor heterostructures has been studied thoroughly over the last few
decades [3-10]. Strain relaxation in the SiGe/Si system is most thoroughly investigated,
while strain relaxation in the InGaAs/GaAs system is well examined amongst I11-V
semiconductor heterostructures [11-14]. However, very few studies have focused on
strain relaxation in GaAsSh/GaAs heterostructures [15,16]. In this chapter,
GaAs/GaAsSh/GaAs heterostructures with different GaAsSb film thicknesses have been
investigated for the primary purpose of understanding strain relaxation in epitaxially-

grown low-mismatched semiconductor heterostructures as a function of film thickness.

The creation of structural defects in low-mismatched heterostructures of
GaAs/GaAsSh/GaAs(001) (Sb content ~ 8%) and their evolution during strain relaxation

in thicker films were studied using TEM as well as HRXRD and AFM. Epitaxial growth
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and HRXRD characterization were carried out by our collaborators Aymeric Maros and

Nikolai Faleev. Results emerging from this study have been published [17].

3.2 Experimental Details

All epilayers were grown by molecular beam epitaxy (MBE) on GaAs(001)
substrates. The substrate surfaces were initially deoxidized for 15 minutes at elevated
temperature. Subsequently, a 300-nm-thick GaAs buffer layer was grown at 600 °C. The
GaAsSh epilayers were grown at 500 °C at a growth rate of 0.72 um/hr. The V/1II
equivalent beam pressure ratio used was 15. Finally, 50-nm-thick GaAs capping layers
were grown on top of the epilayers at ~ 600 °C. Figure 3.1 provides a schematic
illustration (not to scale) of the sample geometry. More details of the samples studied are

given in Table 3.1.

GaAs capping layer (~ S0 nm)

GaAs, Sb, film (50 — 4000 nm)

GaAs buffer layer (~ 300 nm)

GaAs(001) substrate

Fig. 3.1. Schematic cross-sectional illustration (not to scale) showing geometry of

GaAs(cap)/GaAs1xShx/GaAs (001) heterostructures.

Samples for TEM observation were prepared by conventional mechanical

polishing, dimpling and argon ion-milling with the samples cooled to liquid nitrogen
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temperature in order to minimize ion-beam-induced damage. Bright-field TEM images
and convergent beam electron diffraction patterns were recorded with a Philips-FEI CM-
200 microscope operated at 200 kV. A probe-corrected JEOL ARM-200F microscope
operated at 200 kV was used to record aberration-corrected STEM images. The probe
convergence angle was ~22 mrad, and the inner and outer collection angles for high-angle
annular-dark-field (HAADF) STEM images were 90 and 150 mrad, respectively. A

Bruker Multimode 8 instrument was operated in tapping mode to obtain the AFM images.

The misfit strain at the film/substrate interface was calculated as:

ar—a
Efilm/substrate — — (u) (1)

Aas

where ar and a; are the lattice parameters of the film and the substrate, respectively. The
lattice parameters of the GaAs1.xShy films were calculated using Vegard's law:
AGaas,_.sb, = (1 = X)Agaas + Xagqsp, Where X is the Sb percentage in the film as
measured by XRD. For samples other than A, B and C, the percentage strain relaxation
values were obtained by reciprocal space mapping using XRD. The strain relaxation (y)

parameter is defined as:

!
af— ag

y=-— 2)

ar—as

Where a; is the lattice parameter of the relaxed film.
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Table 3.1: Sample details

Sample % Sb Film Misfit strain % strain Misfit
thickness at relaxation at  strain at
(nm) film/substrate film/substrate cap/film
interface (%) interface interface
(%)
A 6.6 50 -0.52 - -
B 94 50 -0.74 3 0.02
C 7.7 100 -0.6 4 0.02
D 7.1 250 -0.56 42 0.23
E 7.4 500 -0.58 68 0.39
F 8.7 1000 -0.68 75 0.51
G 8.3 2000 -0.65 81 0.52
H 8.6 4000 -0.63 92 0.57

For very small relaxation, as in Samples A, B and C, an approximate method of

predicting relaxation by measuring misfit dislocation spacings in plan-view samples was

adopted. Considering that 60° dislocations are primarily responsible for strain relaxation

in the early stage of relaxation, the plastic strain can be written as:

(3)



where b is the Burgers vector of the 60° dislocation and S is the average spacing between

dislocations.

The strain relaxation in Stage-I phase of relaxation can be calculated as:
&
y=-= (4)

The misfit strain at the cap/film interface was calculated by taking into account the
amount of relaxation in the GaAsSb film. The misfit strain at the cap/film interface can

be expressed as:

_ y(as—as)
ceanrion = = (555-45) ©)

3.3 Results and Discussion

3.3.1 Strain relaxation stages at the film/substrate interface

Three different stages of strain relaxation are identified, as shown in Fig. 3.2, by
plotting % relaxation in the film as a function of film thickness. Stage-1 corresponds to an
initial sluggish phase where the relaxation rate is very slow and the main rate-controlling
factors are the nucleation and mobility of dislocations [8]. Samples A, B and C exhibit
Stage-I relaxation. The density of misfit dislocations observed in plan-view TEM samples
for Sample A was too small to calculate any meaningful strain relaxation. Hence, no

relaxation data for this sample is included in Table 3.1 or Figure 3.2.

Rapid strain relaxation takes place in Stage-1l. Samples D and E with 250- and
500-nm-thick GaAsSb films undergo Stage-Il relaxation. Finally, the relaxation rate
decreases reaching a saturation stage classified here as Stage-I11 relaxation. The extent of
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strain relaxation in Samples F, G and H with 1000-, 2000- and 4000-nm-thick GaAsSh
films corresponds to Stage-111 relaxation. The defects generated at these different stages

of strain relaxation are discussed in the following sections.

100
80 ./'

60 ~

40 -

20+

% Strain relaxation

T I T I T T T T
0 1000 2000 3000 4000

Film thickness (nm)

Fig. 3.2. Percentage of strain relaxation vs. film thickness showing three stages of strain

relaxation in GaAs:-xSbx/GaAs heterostructures.

3.3.2 Defects formed during Stage-I relaxation

Strong asymmetry in the distribution of misfit dislocations was observed in the
early stage of strain relaxation. Figures 3.3(a) and (b) show plan-view bright-field TEM
images of Samples B and C with 50-nm-thick and 100-nm-thick GaAsSb films,
respectively. These images show the distribution of misfit dislocation lines at the

film/substrate interface. The reason for the asymmetry in defect density is possibly due to
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the different mobility of a- and B-dislocations along the orthogonal <110> directions [18]
and/or due to the influence of local surface or interface morphology on dislocation
nucleation and glide [19]. A more detailed discussion on the asymmetry of dislocation
distribution is provided later in this chapter. Figures 3.3(c) and (d) show cross-sectional
TEM images of Samples B and C, respectively. These films appear to be free of

threading dislocations, although interfacial defects are visible in both cases.

GaAsSb film

GaAsSbhb film

GaAs substrate

GaAs substrate
20 nm 100 nm

Fig. 3.3. Bright-field plan-view TEM images showing orthogonal network of misfit
dislocations at the GaAs1-xShx/GaAs interface plane for: (a) Sample B, and (b) Sample C.

Bright-field cross-sectional TEM images of: (c) Sample B, and (d) Sample C.
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Table 3.2: Slip plane, Burgers vector and g.b/g.bxu contrast for two-beam conditions
with excited 220/220 reflection for 60° and 90° dislocations having [110]/[110]

dislocation line.

Dislocation Dislocation Slip plane  Burgers g.b/g.b xu
line direction  type vector (b) 370 520
W reflection reflection
[110] 60° (111) 1/2[101] 1/0 -1/-2
1/2[011] -1/0 -1/-2
(111) 1/2[011] -1/0 -1/2
1/2[101] 1/0 -1/2
90° (001) 1/2[110] 0/0 2/0
[110] 60° (111) 1/2[101] -1/-2 1/0
1/2[011] -1/-2 -1/0
(111) 1/2[011] -1/2 -1/0
1/2[101] -1/2 1/0
90° (001) 1/2[110] 2/0 0/0

To identify the character of the misfit dislocations, standard g.b analysis was

carried out with plan-view TEM samples. Two-beam imaging with either 220 or 220
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reflection excited was used to visualize strain contrast from dislocations lying at the

heterointerface. The slip planes, Burgers vectors and g.b contrast for dislocations with
dislocation line direction, u=[110] /[110] for 60° mixed and 90° edge dislocations are
listed in Table 3.2. Since both of these dislocations have edge components, the g.b xu

contrast must be taken into account when carrying out contrast analysis [20].

0.5 um
e

Fig. 3.4. GaAs1xShx/GaAs interface plane in Sample C: (a) Bright-field plan-view TEM

image, (b) Bright-field g = 220 image; and (c) Bright-field g = 220 image.

The Burgers vectors of 90° dislocations lie completely in the (001) interface plane
and are fully effective in relaxing misfit strain. Conversely, the Burgers vectors of 60°
dislocations lie at 45° to the interface plane and are only 50% effective in relieving strain.
The slip plane for 60° dislocations is {111} type, which is also the widely-spaced and
most favorable slip plane in sphalerite-type materials. Thus, the threading segment of 60°
dislocations can easily glide on {111} planes to create long misfit dislocation lines at the
interface. Conversely, the slip plane for Lomer edge dislocations is (001) and the
movement of 90° dislocations would then be difficult because of the high Peierls stress

for glide in this plane.
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Table 3.2 shows that 60° dislocations never become invisible under either of the
two-beam imaging conditions used here, whereas the 90° dislocation goes out of contrast
when the dislocation line is parallel to the reciprocal lattice vector of the active reflection.
The types of dislocations visible in the plan-view TEM samples of heterostructures with

50 and 100-nm-thick GaAsSb films were identified by exploiting this feature.

Figure 3.4(a) shows a many-beam image recorded with the sample oriented along
[001] zone-axis projection. All dislocations are visible in this imaging condition. Figures
3.4(b) and (c) show two-beam bright-field images with excited 220 and 220 reflections,
respectively. The majority of the dislocations in these images do not go out of contrast
with either of the <220> beams excited, and show contrast that is characteristic of 60°
dislocations. The dislocation line (marked by red arrow), which is visible with a 220
strong beam but completely out of contrast with a 220 strong beam, was identified to
have edge character. However, the two dark lines visible under the 220 excited-beam
condition indicate that the dislocation could be dissociated. From Table 3.2, the strain
contrast from pure edge dislocations must be stronger than from 60° dislocations that lie
parallel to the reciprocal vector corresponding to the active reflection. However, the
weaker strain contrast exhibited by the edge dislocations compared to that by 60°
dislocations, as evident in Fig. 3.4(b), provides additional support that the dislocation
could be split into partials. However, no stacking fault fringes were observed. Thus, no
conclusion could be made about the Burgers vector of the edge dislocation. The
dislocation lines corresponding to the 90° dislocation appear quite wavy whereas
dislocation lines corresponding to the 60° dislocations adhere strictly to the <110>
crystallographic directions.
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3.4 Defects in Stage-Il and Stage-I11 of strain relaxation

Figures 3.5(a) and (b) show networks of misfit dislocations on the (001) interface
plane in heterostructures with 250-nm-thick and 500-nm thick GaAsSb films,
respectively. Many curved dislocation lines deviating from orthogonal <110> directions
are visible, suggesting that the overlapping strain fields of misfit dislocations cause
changes in the local dislocation configuration in Stage-I1 of relaxation. In addition to
dislocation loops, periodic banding of straight dislocation lines corresponding to 60°
dislocations were also observed, most likely due to the regenerative nature of dislocation

sources.

Figures 3.5(c) and (d) show cross-sectional TEM images of heterostructures with
250-nm-thick and 500-nm-thick GaAsSb films, respectively. Dislocation loops extend
preferentially downwards into the buffer layer. Some dislocation loops lie along well-
defined crystallographic directions emphasizing the importance of the Peierls barrier in
determining the dislocation line direction in semiconductors. However, curved
dislocation lines not adhering to any specific crystallographic directions were also
observed. These dislocation lines seldom crossed the buffer layer/substrate interface,
suggesting that this interface acted as a physical barrier to dislocation movement. The
density of dislocation loops was higher in Sample E than in Sample D. This observation
suggests that more and more curved dislocations are created as film relaxation
progresses, and these extend into the substrate side of the interface, probably due to the

repelling action of interfacial dislocations [21].
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substrate

substrate

0.5 um

Fig. 3.5. Plan-view TEM images showing dislocation distribution at the interface plane
of: (a) Sample D, and (b) Sample E. Bright-field cross-sectional TEM images of: (c)
Sample D, and (d) Sample E. Bright-field two-beam plan-view images formed with: (e)

g = 220, and (f) g = 220 in Sample D.

Figures 3.5(e) and (f) show bright-field plan-view TEM images of Sample D
recorded with 220 and 220 reflections excited, respectively. The curved dislocations,
marked by red arrows, are only visible with one of the active 220 reflections, and are
completely out of contrast when the two-beam condition is set up by exciting the other
220 reflection. This contrast feature, as discussed in the previous section, indicates that
these curved dislocations have edge character. It was also found previously that the
majority of dislocation loops extending into the buffer layer in InGaAs/GaAs
heterostructures were of edge character [12].
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Dislocation loops extending into the buffer layer were also observed in Samples
F, G and H, which had undergone Stage-I11 relaxation. Figures 3.6(a)-(c) show cross-
sectional TEM images of Samples F, G and H. Threading dislocations were not observed
in the cross-sectional TEM samples. Dislocation annihilation might be possible in Stage-
I11 relaxation, as observed in high-mismatched heterostructures with thick films [22].
Plan-view TEM imaging could not be performed on these samples because the interface
plane was buried too deep for observation with a TEM operated at 200 kV. From the
limited specimen area visible in the cross-sectional samples, there was no noticeable
difference in dislocation configuration for films with Stage-I1l relaxation compared with
those with Stage-I1 relaxation. Thus, no conclusions could be made about whether or not

dislocation annihilation had taken place in Samples F, G and H.

.2 pm

substrate 3 substrate substrate

Fig. 3.6. Bright-field cross-sectional TEM images of (a) Sample F, (b) Sample G and (c)
Sample H. Interfacial defects are present at GaAsSb/GaAs film/substrate interfaces.

However, no threading dislocation is visible in any of the images.

3.5 Strain relaxation at the cap/film interface

Misfit dislocations present at the cap/film interface were observed in Samples E-

H. Figures 3.7(a)-(d) show plan-view TEM images from regions that were thin enough to
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exclude the bottom film/substrate interface from the field of view. The misfit dislocation
lines were straight, strictly adhering to the <110> directions, and g.b contrast analysis
confirmed that these were 60° dislocations. The long and well-separated chords of misfit
dislocations indicate that Samples E-H have undergone Stage-I relaxation at the cap/film
interface. Asymmetric strain relaxation, i.e., density of misfit dislocations along one
<110> direction higher than in the other <110> direction, was exhibited at the cap/film

interfaces in these samples.

Fig. 3.7. Bright-field plan-view TEM images showing distribution of misfit dislocations
at the cap/film interfaces of: (a) Sample E, (b) Sample F, (c) Sample G, and (d) Sample

H.

3.6  Asymmetric dislocation distribution during Stage-I relaxation

Asymmetric distribution of misfit dislocations along the [110] and [110]
directions was observed at both the film/substrate and the cap/film interfaces in
GaAs/GaAsSh/GaAs heterostructures. In order to quantitatively evaluate the asymmetry
of dislocation distribution, a simple method to distinguish between [110] and [110]
directions in plan-view TEM samples was developed. Subsequently, it was possible to

identify a- and p-type dislocations in plan-view TEM images. The distribution of o and
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B-dislocations was studied at both compressively-strained film/substrate and tensile-

strained cap/film interfaces in GaAs/GaAs1xSbx/GaAs(001) heterostructures.

3.6.1 Distinguishing <110> directions in plan-view projection

In compound semiconductors with sphalerite structure such as GaAs, certain
crystallographic planes are polar because of the two sublattices formed either by Ga or As
atom, i.e., depending upon polarity, they will have either Ga-face or As-face. The crystal
polarity in these non-centrosymmetric crystals was found to influence growth quality
[23], dislocation mobility, etc. Several TEM techniques are available to determine crystal
polarity. High-resolution transmission electron microscopy in conjunction with image
simulation was used to determine polarity [24]. The HAADF imaging mode in the STEM
produces images where the intensities of individual atomic columns are strongly
proportional to atomic number Z, allowing for the possibility of polarity determination by
comparing the relative intensities of well-resolved individual atomic columns [25].
However, in materials such as GaAs where the atomic numbers of the constituent atoms
are close to each other, polarity determination by direct measurement of intensities of
individual atomic columns might often not be possible because of intensity fluctuations
caused by material factors such as presence of impurities, point defects, anti-site defects,
etc. in the crystal and/or due to experimental issues such as variation of sample thickness
across the field of view, etc. Alternatively, atomic-resolution spectroscopic techniques
such as energy-dispersive x-ray spectroscopy or electron energy-loss spectroscopy may

be used to determine polarity.
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In this work, convergent beam electron diffraction (CBED) was used to determine
crystal polarity. This technique allows examination of dynamical-diffraction-induced
intensity patterns in CBED discs when the sample is sufficiently thick. Tafto and Spence
[26] first demonstrated that multiple scattering involving higher-order odd-indexed
reflections in <110> projection gave rise to constructive or destructive interference which
was manifest as a white or black cross in (002) or (002) diffraction discs. Consequently,
crystal polarity could be determined in the same projection. Lavagne et al. [27] used the
Tafto-Spence method to determine polarity using plan-view <001> zone-axis CBED
patterns collected from specimen areas that were thin enough to exclude the substrate. It
was found that the observation of white or black crosses in (002) or (002) diffraction
discs was not sufficient, and additional features in the transmitted disc had to be
considered for unambiguous determination of polarity. In our case, the specimen
geometry in [001] projection consisting of a strained GaAsSb layer sandwiched between
a 50-nm GaAs capping-layer and a GaAs substrate would complicate interpretation of
multiple scattering effects in the CBED discs. Thus, an alternative indirect route was
taken to determine polarity in [001] projection. The procedure involves determination of
the crystal polarity in <110> cross-sectional projection followed by careful sample
cutting and sample loading in the TEM specimen holder to distinguish between the two
<110> directions in [001] projection. Furthermore, polarity determination in cross-
sectional samples is also helpful in identifying the chemical nature of the dislocation

core.

48



Simulated 1-10 CBED

Experimental CBED pattern

(@)

XTEM geometry Plan-view geometry

lu_w] T[OOH
001 110
/HO%[_% //'[ ]5 [1-1%
| |4 |

Fig. 3.8: (a) Cross-sectional TEM (XTEM) image of GaAs/GaAsSh/GaAs heterostructure

showing in-plane [001] growth direction; (b) experimental CBED pattern collected from
the GaAs substrate region of (a); (c) simulated [110] zone-axis CBED pattern matched
with the experimental pattern shown in (b); (d) schematic of the geometry of XTEM and
plan-view TEM samples showing in-plane and out-of-plane directions; (e) plan-view

TEM image with identified in-plane [110] and [110] directions.

The crystal polarity in cross-sectional GaAs samples was determined by matching
experimental and simulated <110> zone-axis CBED patterns. The loss of inversion
symmetry in non-centrosymmetric crystal becomes readily apparent because of the
differences in dynamical-diffraction-related intensity patterns in Bijvoet pairs of

reflections. For example, there is a difference in intensity patterns between Bijvoet-pair
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(111) and (111) reflections in [110] zone-axis CBED pattern, which indicate the

breakdown of Friedel's law due to multiple scattering effect.

Figure 3.8(a) shows a cross-sectional TEM image of a sample in <110>
projection. The experimental CBED pattern, shown in Fig. 3.8(b), was collected from the
GaAs substrate of the sample shown in Fig. 3.8(a). The simulated CBED pattern shown
in Fig. 3.8(c) was generated using JEMS software [28]. The simulation was carried out
for a sample thickness of 122 nm with the accelerating voltage set at 200 kV. Before
comparing the intensity distribution of {111} reflections, the (002) disc in the
experimental pattern was identified by aligning the goo2 vector in the diffraction pattern
with the [001] growth direction (shown by red arrow in Fig. 3.8) in a cross-sectional

image of the sample.

The intensity patterns in {111} reflections on either side of the (002) disc in
experimental and simulated CBED patterns were then compared. They showed clear
differences in [110] and [110] zone-axis patterns which enabled the absolute
orientations of the samples to be determined. Once the projection direction (shown as
green arrow in Fig. 3.8) is known, the <110> direction (shown as blue arrow) parallel to
the interface line in cross-sectional geometry can then be specified. The projection
direction and the interface line direction in cross-sectional samples become the two in-
plane orthogonal <110> directions in plan-view projection, as demonstrated in Fig.
3.8(d). Thus, special care was taken when preparing plan-view samples and loading them
into TEM specimen holder so that the two in-plane orthogonal <110> directions in plan-
view sample could be correlated with the already determined projection and interface line

directions in the corresponding cross-sectional sample. It should be noted that to
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successfully apply this method one must know the correct rotation angle between the
image and the diffraction pattern. This rotation angle can be determined by under-
focusing the diffraction lens so that an image of the sample is observed within each
CBED disc. This angle was further confirmed by checking the orientation of a
GalnP/GaAs samples using both CBED and aberration-corrected STEM imaging
methods. The ability to distinguish between two <110> directions in plan-view samples
allowed the asymmetry of dislocation distribution to be determined by measuring the

mean spacing of a and [ dislocations.

Strong asymmetry in the distribution of misfit dislocations was observed in the
early stages of strain relaxation. Figure 3.9 shows a collage of bright-field TEM images
of the interfacial dislocations in plan-view [001] projection in the
GaAs/GaAse.917Sho.0ss/GaAs(001) heterostructure with 2000-nm-thick film. As clearly
apparent from Fig. 3.9, the density of misfit dislocations at the cap/film interface having

line direction, u=[110] was much higher than those having u=[110].

The density of misfit dislocations along the two <110> directions could be
measured by determining the dislocation spacing along the two directions once the [110]
direction is distinguished from the [110] in plan-view TEM samples using the method
described above. Collages of several plan-view TEM images, typically covering several
tens of um distances along each <110> direction, were recorded. Figure 3.10 shows the
measured misfit dislocation spacings at film/substrate and cap/film interfaces of
GaAs/GaAsSh/GaAs heterostructures. The excess stress values were then calculated
considering that strain relaxation takes place by single-kink motion of threading

dislocations.
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Fig. 3.9. Collage of plan-view bright-field [001] projected images showing distribution of
misfit dislocations along the two <110> directions in at the cap/film interface of

GaAs/GaAso.917Sho.0ss/ GaAs(001) heterostructure with 2000-nm-thick film.
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Fig. 3.10. Plot showing dislocation spacing as a function of excess stress for

film/substrate interfaces and cap/film interfaces of GaAs/GaAsSh/GaAs heterostructures.

The density of dislocations extending along [110] direction is higher irrespective
of the sign of strain at the interface. As noted earlier, the dislocation line corresponding to
a-/B-dislocations changes between the two <110> directions with the change in the sign

of strain at the interface. It is evident from Fig. 3.10 that the density of B-dislocations

(inverse of square of dislocation spacing) is higher than for a-dislocations at the

compressively-strained film/substrate interfaces, whereas the density of a-dislocations is

higher at the tensile-strained cap/film interfaces. Since the in-plane edge component of
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the Burgers vector relieves the misfit strain, the major relaxation direction becomes

[170].

It has been reported that the major relaxation axis remains [110] regardless of the
sign of interfacial strain in InGaP/GaAs heterostructures [29]. However, it was found that
the direction along which the density of dislocations is higher swaps as a result of change
in the sign of strain. The results were explained assuming the presence of dislocations
with incorrect Burgers vectors, which effectively increases instead of relieving the
interfacial strain. However, our aberration-corrected electron microscopy observations
showed that the misfit dislocations in our samples had the correct sense of Burgers
vector. Fox et al. suggested that the nucleation barrier is not the reason for asymmetry,
and the sole reason is different Peierls barrier to dislocation glide corresponding to the
two types of dislocation core [18]. However, our observations indicate that the type of
dislocation that has higher density depends on the sign of strain at the interface.
Moreover, 60° misfit dislocations were found to dissociate into 30° and 90° Shockley
partial dislocations. A detailed description of the atomic arrangement of dissociated 60°
dislocations and the associated partial dislocations is given later in Chapter 4. Shockley
30° partial dislocations are the leading dislocations in the case of compressively-strained
film/substrate interfaces and typically reside in the GaAs substrate. The Shockley 90°
partial dislocation is the leading dislocation at the tensile-strained cap/film interface and
resides in the GaAsSb film layer, which suggests that the main reason for asymmetry
might not be the Peierls stress specific to a dislocation core with specific chemical nature.
However, the reason for the unique relaxation direction in the GaAs/GaAsSh/GaAs

heterostructures is not clear at this point.
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3.7 Dislocation nucleation and density evolution at GaAsSb/GaAs and

GaAs/GaAsSb interfaces during Stage-1 relaxation

The concept of excess stress as proposed by Dodson and Tsao is invoked to
understand Stage-I strain relaxation at the film/substrate and cap/film interfaces [30]. The
excess stress is defined as the difference between the stress related to the elastic strain
energy and the dislocation self-stress. Excess stress is the driving force for threading
dislocations to move laterally and relieve misfit strain. The expression for excess stress

corresponding to macroscopically single-kink (SK) motion of misfit dislocations is given

by [30]:
b(1- 29
5K = % [2(e — &)1 +v)cosA — (1+:S)ln (%)] (6)

where p is the [001] shear modulus of the relaxing layer, v is the Poisson's ratio, € is the
misfit strain, &, is the amount of plastic strain, ¢ is the angle between the interface
normal and the slip plane, A is the angle between the Burgers vector and direction in the
interface that is normal to dislocation line, b is the Burgers vector, 0 is the angle between
the dislocation line and Burgers vector, h is the thickness of the layer undergoing strain
relaxation and R is the outer cut-off radius of the dislocation core. The value of R
depends on the separation distance (S) between misfit dislocations at the interface. R=
S/2, when S/2<h and R=h, when S/2>h [31]. In the case of strain relaxation at the
GaAsSh/GaAs film/substrate interface, R=h for Samples A-C whereas R=S/2 for
Samples D-H. The experimentally measured average values of S for Samples D, E, F, G
and H are 110, 90, 74, 65 and 53 nm, respectively. For strain relaxation at the
GaAs/GaAsSh cap/film interface, R=h. The inner cut-off radius of the dislocation core is

55



assumed to be b/4, which is typical for covalent semiconductors [32].
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Fig. 3.11. Schematic depiction of possible strain relaxation mechanisms at the cap/film
interface: (a) Extended double-kink motion of threading dislocation in the film; (b) Glide
of threading dislocation in the capping layer, which is blocked at the film/substrate

interface; (c) Surface half-loop creation and subsequent glide of threading dislocation in

the capping layer.

three different ways. Figure 3.11 provides a schematic illustration of these mechanisms.
One possible way to deposit misfit dislocations at the cap/film interface is by propagation
of dislocation dipoles [7], as illustrated in Fig. 3.11(a). In strained-layer heterostructures

with a capping layer, the moving threading arm in the film may generate two misfit

Misfit dislocations at the GaAs/GaAsSb cap/film interface can be introduced in
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dislocations, one at the film/substrate interface and one at the cap/film interface, which
would have equal Burgers vectors of opposite sign and share the same glide plane. This
kind of dislocation geometry has been experimentally observed by noting pairs of misfit
dislocation lines in plan-view TEM samples [7,8]. Detailed theoretical investigations
have also been carried out to understand when double misfit line geometry becomes
energetically favorable [33,34]. The excess stress expression for this kind of extended
double-kink (DK) motion of dislocation dipoles has additional terms corresponding to the
self-stress of misfit dislocation at the cap/film interface and for interaction between misfit

dislocations at the two interfaces [21] -

DK _ Hcos@ _ _ b(l—vcosze)( 4R 4(hcap+ h)
Tex =1 ) [2(e ep)(l + v)cosA e In ( > ) +In (—b ) +

2In (hca:+ h>>] ()

This equation assumes no interaction of strain fields between dislocations lying at

the same interface. This condition is met only for Samples A-C. For Samples D-H,
although this equation may not yield quantitatively accurate values of excess stress
corresponding to DK motion, the trend of excess stress evolution with increasing film

thickness should still be the same.

The threading dislocations that are pinned at the GaAsSh/GaAs film/substrate
interface may act as pre-existing dislocation sources and these dislocations can glide
laterally to relieve misfit strain when the excess stress in the capping layer is positive.
Figure 3.11(b) shows a schematic illustration of this process. The excess stress for the

cap/film interface, considering that strain relaxation occurs by movement of threading
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dislocations through the capping layer, can also be evaluated using Eq. (6) with h

corresponding to the thickness of the capping layer.

The heterogeneous nucleation of dislocation half-loops at the surface might be
possible, especially since deterioration of the growth surface can be expected in thicker
films. The surface steps associated with 60° dislocations create a cross-hatch surface
morphology in low-mismatched (001)-grown heterostructures [35,36]. The stress
concentration at the surface troughs can make them potential nucleation sites for
dislocation half-loops [37]. These half-loops can create two threading dislocations upon
reaching the interface, which move laterally in opposite directions under the application
of misfit stress, thus generating misfit dislocations at the cap/film interface. The
schematic illustration of this process is shown in Fig. 3.11(c). Alternative contributions
such as homogeneous nucleation of surface half-loops, operation of Hagen-Strunk
mechanism [38] or dislocation injection from 'diamond' defects have been proposed [39].
However, due to lack of experimental observations and/or theoretical investigations
showing the energetic cost as too high to be realistic, these mechanisms are not

considered to be major sources for dislocation nucleation at the cap/film interface.

Figure 3.12 shows a plot of excess stress for single-kink motion of misfit
dislocations (eq. 6) and for double-kink motion of misfit dislocations (eq. 7) evaluated at
the film/substrate interface and at the cap/film interface. The density of 60° misfit
dislocations at the film/substrate interfaces of Samples B and C, and at the cap/film
interfaces of Samples F-H, are also shown. The dislocation density was calculated by

measuring the dislocation spacing from collages of plan-view TEM images typically
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covering distances of more than 100 um along each of the two <110> directions. The

dislocation densities are listed in Table 3.3:

Table 3.3: Dislocation densities at heterointerfaces that have undergone Stage-I

relaxation

Sample Dislocation density (1x 108 cm?)
B 0.36
c 0.29
F 4.1
G 5.4
H 0.77

The following observations can be made from Fig. 3.12:

Q) Despite excess stress on dislocations at the cap/film interface, either
corresponding to motion of single misfit dislocations or dislocation dipoles, which
is lower in comparison to that on dislocations at the film/substrate interface, the
density of misfit dislocations at the cap/film interfaces of Samples F-H is higher
than at the film/substrate interfaces of Samples B and C. This apparent anomaly is
expected since the GaAs capping layers were grown at higher temperature (600
°C) compared to the GaAsSh films (500 °C). During Stage-I relaxation, kinetic

factors such as dislocation nucleation and mobility determine the final density of
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(i)

dislocations. Both these factors have an Arrhenius-type relation with temperature,
and their rates increase with temperature increase. Additionally, if heterogeneous
nucleation of dislocation half-loops is considered to be the primary mechanism
for dislocation generation, which is shown later to be true, the well-developed
cross-hatch pattern of the growth surface in heterostructures that have undergone
Stage-I1 or Stage-111 relaxation will significantly impact the final dislocation
density by facilitating dislocation nucleation at the surface troughs. Thus, the
higher density of misfit dislocations at the cap/film interface can be attributed to
the higher growth temperature of the GaAs capping layer and enhanced
heterogeneous nucleation of dislocation half-loops at the rougher growth surface.
The onset of relaxation at both interfaces, as observed by TEM, has been marked
with arrows in Fig. 3.12. In the case of Sample A, only one single dislocation was
observed in an area of 150x 150 um?. Thus, the estimated dislocation density was
~4.5x%10° cmor lower. Such a low density of dislocations at the film/substrate
interface indicates that the critical thickness for the GaAsSb film has just been
reached. On the other hand, the misfit dislocation distribution at the cap/film
interface was first observed in Sample E. The excess stress corresponding to
single-kink motion of threading dislocations at this interface becomes positive
with increasing film thickness for the first time in Sample E and misfit
dislocations are accordingly generated. As can be seen in Fig. 3.12, the density of
misfit dislocations at the cap/film interface in Sample E was, however, higher
although the excess stress was approximately half that of Sample A. This

reduction of critical thickness at the cap/film interface can again be attributed to
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the higher growth temperature of the GaAs capping layer and rougher surface

with well-developed cross-hatch morphology.

—m— SK motion - dislocations in film

—*— SK motion - dislocations in cap

—o— DK motion - dislocations in film
@ Dislocation density

750

500 — \

250 L4

o
1
T
N

Excess stress (MPa)
>
/I
*
(_wo JOT1% 1) K1susp uonedosiq

-250 %

T
o

z-

-500 : : . . . . T . : .
-1000 0 1000 2000 3000 4000 5000

Film thickness (nm)

Fig. 3.12. Evolution of excess stress and dislocation density with increasing film
thickness. The dislocation density values are shown for film/substrate interfaces in
Samples B and C, and for cap/film interfaces in Samples F, G and H. The two arrows
mark the onset of relaxation at the two interfaces: Sample A for film/substrate interface

and Sample E for cap/film interface. SK: single-kink, DK: double-kink.

(iii) The dislocation density evolution at the cap/film interface appears to be more
complex than at the film/substrate interface. As observed from Fig. 3.12, the dislocation
density at the film/substrate interface increases with excess stress. However, the
dislocation density at the cap/film interface increases with excess stress in Samples E, F
and G and then decreases in Sample H even though the excess stress increases. The

kinetic factors that govern the early stages of strain relaxation, namely dislocation
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nucleation and mobility, need to be better understood in order to explain this observation.

Mathematically, the rate of strain relaxation at early stage can be expressed as [8] -

d‘;—(tt) = N(t)Vbcos6 (8)

N(t) is the density of nuclei at time t as given by -

N(t) = BNotzl, exp (— Q”) 9)

KT

where B and n are material constants, No is the density of pre-existing nuclei at t=0, Qn is

the activation energy for dislocation nucleation.

V is the velocity of dislocations at time t as given by -
— Texym _ %
V= Vo(ymexp (— ) (10)

where Vo and m are material constants and Qv is the activation energy for dislocation

glide.

Both density of nuclei and velocity of dislocations are excess-stress dependent
and they are expected to increase with increase in excess stress. Therefore, the only other
factor that might explain the lowering of dislocation density in Sample H is lowering of
pre-existing nuclei, No term in Eq. 10. The three possible sources of dislocation
nucleation have already been discussed previously and shown schematically in Fig. 3.11.
Operation of double-kink motion of threading dislocations, which has been observed in
GaAsP/GaAs [7] and SiGe/Si [8] systems, can be noted in plan-view TEM images by
observing pairs of dislocations with separation distance being h cot 55° [7]. However, the

majority of dislocations in Samples B and C were found to exist as unpaired dislocations.
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Moreover, as can be noted from Fig. 3.12, single-kink motion would be favored from the
excess-stress point of view as compared to double-kink motion. In thicker films of
Samples D-H, the excess stress for double-kink motion gradually decreases. Thus, if
double-kink motion is occurring for Samples D-H, one would expect a decrease in
dislocation density at the cap/film interface with increasing film thickness. However, the
TEM results show increases in dislocation density in Samples E-G. From these
observations, it is concluded that misfit dislocation deposition at the cap/film interface
via double-kink motion of threading dislocations in the film is not operative in the present

system.

The threading dislocations that are blocked at the film/substrate interface can also
glide laterally to relieve misfit strain in the capping layer. The density of threading
dislocations in the film would be dependent on the number of blocking events at the
film/substrate interface. In thicker films such as Samples D-H, the density of dislocations
at the film/substrate interface is very high and interactions of the dislocation strain fields
are inevitable, which may lead to blocking of certain threading dislocations. The success
of blocking events should increase with decreasing excess stress. Accordingly, one would
expect the highest threading dislocation density in Sample H. However, another
competing effect that might reduce the density of threading dislocations is dislocation
annihilation. It is well established for high-mismatched heterostructures that the threading
dislocation density in thicker films typically decreases due to annihilation of dislocations
having opposite Burgers vector [22]. In low-mismatched heterostructures, however, the
density of threading dislocations is several orders of magnitude lower. It should be noted

that no threading dislocations were observed in cross-sectional TEM images of Samples
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F-H. Thus, interaction of such sparsely populated threading dislocations leading to
significant reduction of threading dislocation density through an annihilation process
appears to be unlikely in low-mismatched systems. In that case, the No term should not
drastically decrease for Sample-H. Hence, it is concluded that single-kink motion of
threading dislocations that are blocked at the film/substrate interface is not the primary

mechanism for strain relaxation at the cap/film interface.

For single-kink motion of threading dislocations in the capping layer,
heterogeneously nucleated surface half-loops can be a source for threading dislocations
extending into the capping layer from the surface. Figure 3.13(a) shows height profiles
obtained from AFM images of Samples E-H. It is immediately evident that the surface is
mesoscopically much smoother for Sample H. The trough-to-trough distances are
measured tobe 1 0.2 yum, 1.1 £0.3 pm, 1.4 + 0.5 pm and 2.3 + 0.3 um for Samples E,
F, G and H, respectively. It appears that the surface starts to recover itself through surface
step elimination via lateral mass transport [40] as the relaxation rate slows down in Stage-
I11. Figures 3.13(b) and (c) show AFM surface profiles of Samples G and H. It is clear
that the cross-hatch morphology is much less prominent for Sample H. It should be noted
that the time required to grow Sample H is twice of that for Sample G, and Sample H is
only 11% more relaxed than Sample G. Hence, the growth front has sufficient time to
eliminate surface steps through diffusion-controlled mass transport in the absence of

significant addition of surface steps that are created due to plastic relaxation.
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Fig. 3.13. (a) Surface height profiles along <110> direction obtained by AFM in Samples

E-H. AFM images showing surface topography of (b) Sample G and (c) Sample H.

The areal density of troughs is thus considerably decreased in Sample H. Since
these troughs are nucleation sites for dislocations, dislocation creation for strain
relaxation in the capping layer is directly impacted and a noticeable drop in dislocation
density is observed at the cap/film interface of Sample H. These results provide
unambiguous evidence that heterogeneous nucleation of dislocation half-loops at the

surface is the primary nucleation mechanism in low-mismatched heterostructures.

In the absence of cross-hatch morphology, the strain relaxation in the film can be
initiated by pre-existing threading dislocations. However, as these threading dislocations

move, they create ridges and grooves at the surface, thereby making heterogeneous
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nucleation of surface half-loops possible. In fact, the misfit dislocation densities at the
film/substrate interfaces of Samples B and C are orders of magnitude higher than the
typical dislocation density of the substrate. This observation supports the conclusion that
heterogeneously nucleated surface half-loops are a major source of dislocations even at

early stages of relaxation.

3.8 Conclusions

Defects created at different stages of strain relaxation in low-mismatched
GaAs(cap)/GaAsSh/GaAs(001) heterostructures have been characterized, and the
evolution of dislocation density and surface morphology has been investigated. The

major conclusions of this study can be summarized as follows:

(1) By systematically varying GaAsSb film thicknesses in the range of 50 to 4000
nm, three different stages of strain relaxation were identified. The films relaxed very
slowly during Stage-1, exhibiting a metastable growth regime of low defect density.
Rapid relaxation took place in Stage-11, while the relaxation rate decreased again in

Stage-IlII.

(ii) Most defects created during Stage-I are 60° dislocations that cause
asymmetric strain relaxation. Dislocations with [110] line direction were found to be
higher in density irrespective of the sign of strain at the interface. Apart from 60°

dislocations, dislocation lines of edge character were also observed.

(ii1) Many curved dislocations were formed during Stage-11 and Stage-111

relaxation. The majority were on the GaAs substrate side, and some had edge character.
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Cross-sectional TEM images revealed that all GaAsSb films had undergone 2D layer-by-

layer growth and they were mostly free of threading dislocations.

(iv) Stage-I strain relaxation was exhibited by the formation of dissociated
positive 60° dislocations at the cap/film interfaces of heterostructures with thicker
GaAsSb films (500 nm and above). Moreover, the strain relaxation was primarily carried
out by threading dislocations created by heterogeneous nucleation of surface half-loops.
A decrease in dislocation density at the cap/film interface was observed in the
heterostructure with the 4000-nm-thick film even though excess stress had increased.
This was correlated with smoothening of the surface in this heterostructure, which
reduced the number of potential nucleation sites for dislocation half-loops. The cross-
hatched surface morphology is also commonly observed in InGaAs/GaAs and SiGe/Si
heterostructures. Hence, the conclusion about surface half-loops are the primary source of
dislocations should in general also be valid for any low-mismatched epitaxially-grown

diamond-cubic/sphalerite semiconductor heterostructure.
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CHAPTER 4
ATOMIC-SCALE CHARACTERIZATION OF INTERFACIAL
DEFECTS IN LOW-MISMATCHED GaAs(001)-BASED

HETEROSTRUCTURES

4.1 Introduction and Motivation

Misfit dislocations and, more importantly, their associated threading arms are
often deleterious for device performance as they introduce deep-level traps that can act as
non-radiative recombination centers for charge carriers [1,2]. The location of the traps
within the bandgap is related to the specific type and core structure of the dislocation [3].
Thus, the detailed atomic arrangements at the dislocation core can play important roles in
determining the device electronic properties. Moreover, the type and core structure of a
dislocation influence its velocity, and thus govern the kinetics of plastic relaxation of an

epitaxial film during growth, especially in its initial stages [4].

Transmission electron microscopy (TEM) has historically played a pivotal role in
the characterization of dislocations. The strain contrast from dislocations was exploited in
the g.b method to determine the Burgers vector of the defect [5]. Alternatively, the edge
component of a Burgers vector can be determined by drawing a Burgers circuit around a
lattice image obtained using high-resolution electron microscopy, with the projection
direction aligned with the dislocation line direction. Apart from determining the Burgers
vector of the dislocation, the high spatial resolution offered by electron microscopy is
useful for studying dislocation core structures in semiconductors. The dislocations belong

to either glide set or shuffle set depending on whether the shear takes place between
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closely or widely spaced {111} planes [6]. The structure of dislocation cores can be
further complicated by reconstruction of the core, by the presence of kinks and jogs along

the dislocation line, or by possible interaction with vacancies and other dislocations [7].

Direct structural imaging of dislocation cores has previously been challenging due
to the requirement for atomic resolution, which was historically difficult to achieve due to
the aberration-limited resolution of the objective lens of the electron microscope. The
correction of spherical aberration of the objective lens was first realized in the late 1990s
[8,9] and sub-angstrom resolution is nowadays routinely achieved. Moreover, high-angle
annular-dark-field imaging with probe-corrected scanning TEM offers the advantage of
atomic-resolution Z-contrast imaging with no contrast reversal with defocus, making the
image interpretation much more intuitive. This development has led to a resurgence in the
atomic-scale characterization of defects in semiconductor thin films and heterostructures
[10-12]. This chapter describes atomic-scale characterization of interfacial dislocations,
generated during the strain relaxation process in low-mismatched GaAs(001)-based

heterostructures.

4.2 Dissociated 60° dislocations

60° dislocations are primarily formed during the initial stage of strain relaxation
in GaAs/GaAsSh/GaAs heterostructures, as already described in Chapter 1. Figure 4.1(a)
shows the crystallography of 60° dislocations for the sphalerite structure. Negative 60°
dislocations are formed at the film/substrate interface to relieve compressive misfit strain.
The core structure of dislocations which lie in (111) and (111) slip planes and have

[110] dislocation line direction are visible in 110 projected (S)TEM images. The possible
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Burgers vectors a/2[101] and a/2[011] in (111) plane are shown by yellow arrows,
while green arrows mark a/2[011] and a/2[101] Burgers vectors that lie in (111) slip
plane. These Burgers vectors, however, do not lie in (110) projection plane and their
projected components run along [112] and [112] directions, which are the traces of
(111) and (111) slip planes in the projection plane. Figure 4.1(a) also shows the
dissociation of an a/2[011] perfect dislocation into a/6[121] and a/6[112] Shockley

partials, as indicated by purple arrows. The a/6[112] Shockley partial lies completely in
the (110) projection plane whereas a/6[121] partial does not, and it would thus have a
projected component along the [112] direction. Understanding these geometrical

constructions is important to correctly determine the Burgers vectors of dislocations in

projected (S)TEM images, which will be described next.

All of the 60° interfacial misfit dislocations observed in this study were
dissociated to form intrinsic stacking faults, which are denoted by observation of a single
faulted layer in atomic-resolution (S)TEM images. Figure 4.1(b) shows an atomic-
resolution HAADF-STEM image of a dissociated 60° dislocation at the film/substrate
interface. The perfect stacking of AaBbCcAaBbCc changes to AaBbCcBbCcAa in the
faulted region, where ABC and abc represent the close-packed {111} planes in the cation
(Ga) sublattices and anion (As) sublattices, respectively. A right-hand/finish-start
(RH/FS) Burgers circuit enclosing both partial dislocations bounding the stacking fault
was drawn to identify the Burgers vector of the perfect dislocation, which was found to
be a/4[112] according to the directions shown in Fig. 4.1(b). As illustrated in Figure
4.1(a), this is the projected component of the a/2[011] or a/2[101] Burgers vector

which lies in (111) slip plane and makes a 60° angle with the [110] dislocation line
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direction, which is also the projection direction. Because STEM images are 2D

projections of a 3D structure, no distinction between these two Burgers vectors can be
made.
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Fig. 4.1. (a) Crystal model showing Burgers vectors of perfect 60° dislocations and

Shockley partial dislocations generated at compressively-strained (001) interface.

Aberration-corrected HAADF-STEM images of GaAsSb/GaAs(001) heterostructure

showing: (b) dissociated 60° dislocation at film/substrate interface, (c) 90° partial

dislocation located very close to film/substrate interface, and (d) 30° partial dislocation

located well into substrate [12].

Stacking faults are bounded by partial dislocations which can be either Shockley

or Frank partials [13]. Shockley partials have Burgers vectors of a/6(112) type, whereas
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Frank partials have Burgers vectors of a/3(111) type. Burgers circuit analysis was
performed to identify the type of partial dislocations associated with the stacking fault
shown in Fig. 4.1(b) using a Burgers circuit around the partial dislocation that started and
ended at the fault plane [10,13]. The Burgers vector of a partial dislocation would be a
fraction of a full lattice translation. The Burgers circuit drawn around the partial
dislocation in Fig. 4.1(c) yields a Burgers vector of a/6[112], that makes a 90° angle
with the [110] dislocation line and lies completely in the plane of projection. Figure
4.1(d) shows the Burgers circuit drawn around the other partial located here in the
substrate. The magnitude of the Burgers vector in projection in this case is half that of the
90° partial, i.e., a/12[112], which is the projection of the true Burgers vector, i.e.,

a/6[121] or a/6[211], that makes a 30° angle with the [110] dislocation line. The

corresponding dissociation reaction is identified as:
a/2[011] = a/6[121] + a/6[112]
OR
a/2[101] = a/6[211] + a/6[112]
60° perfect 30° partial 90° partial

To determine whether the core of the partials belong to glide set or shuffle set,
different atomic structural models need to be considered. There are three possible
configurations for intrinsic stacking faults bounded by 90° and 30° partials: two belong to
the shuffle set and one to the glide set [6,14]. Due to energetic considerations, the

stacking fault that is upright is considered, in which case bonds in the stacking fault are

75



correct but horizontal bonds in the partials might be incorrect cation-cation or anion-

anion bonds.
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Fig. 4.2. Atomic structural models of dissociated 60° dislocation for: (a) interstitial
shuffle type, (b) vacancy shuffle type, and (c) glide type. The cores of 90° and 30° partial
dislocations are marked by green and red arrows, respectively. The faulted area is shown

by dashed box [12].

Figures 4.2(a) and (b) show atomic models that correspond to dissociation of 60°
shuffle set dislocations, whereas Fig. 4.2(c) shows a model for the dissociated 60° glide
set dislocation. The faulted area is denoted by the dashed box. The 90° partial cores are
left of the stacking fault, marked by green arrow, and the 30° partials are on the right,
marked by red arrow. The core structure of these 90° partials is the same in all three

models and all have wrong bonds at their cores. However, the core structures of the 30°
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partials are all different. The shuffle-set 30° partials are of two types, namely interstitial
or vacancy. The interstitial shuffle type contains a pair of cation-anion atoms at the core,
as shown in Fig. 4.2(a), whereas the vacancy shuffle type is distinguished by the absence
of cation-anion pairs at the core, as shown in Fig. 4.2(b). Both types have incorrect bonds
at their cores. The glide-set 30° partial is characterized by the presence of unpaired cation
or anion atoms with correct bonding at the core. Observation of a single, unpaired atomic
column in the dislocation core of a 30° partial in atomic-resolution HAADF-STEM

image would thus confirm that the dislocation belongs to glide set.

Figure 4.3(a) shows a HAADF-STEM image of a dissociated 60° misfit
dislocation. The cores of the 90° and 30° partials are indicated by arrows. By identifying
the crystal polarity, the resolved atomic columns can be assigned to either cation or
anion, and the chemical configuration of the dislocation core can then be determined. The
crystal polarity was established here by matching the experimental and simulated CBED
patterns, as described in detail in Chapter 3. The image shows an unpaired Ga atomic
column at the core of 30° partial that is marked by a yellow circle in the pseudo-colored
magnified image in the inset of Fig. 4.3(a). This confirms that the dissociated 60° misfit

dislocation at the film/substrate interface is of glide set.
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Fig. 4.3. (a) Aberration-corrected HAADF-STEM image of dissociated 60° misfit
dislocation at GaAsSb/GaAs interface. The pseudo-colored magnified image of the 30°
partial in inset clearly shows presence of unpaired Ga atomic column at dislocation core.
(b) HAADF-STEM image of dissociated 60° misfit dislocation at cap/film interface,

showing presence of single As atomic column at 30° partial dislocation core [12].

The heterostructures studied here had a 50-nm-thick capping layer of GaAs grown
on GaAs1.xShy films, and misfit dislocations could be introduced at the cap/film interface
as a result of the large strain relaxation of the GaAsi1.xShx film, which would cause the
build-up of strain energy in the capping layer. Thus, the creation of misfit dislocations at
the cap/film interface would become energetically favorable. The tensile strain in the
capping layer was relieved by misfit dislocations that have an extra half-plane in the
capping layer, thus making positive dislocations. Figure 4.3(b) shows an aberration-
corrected STEM image of a misfit dislocation at the cap/film interface which is again
dissociated, creating an intrinsic stacking fault bounded by 90° and 30° partial
dislocations. The unpaired As atomic column at the core of the 30° partial, albeit slightly
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complicated possibly by the presence of kinks along the dislocation line, indicates that

the misfit dislocation again belongs to the glide set.

Several theoretical investigations on the stand-off position of misfit dislocations
from the interface have predicted that the dislocations should reside in the material with
smaller shear modulus rather than right at the interface [15-18]. The same reasoning
explains the observation of a 90° partial located in the InGaAs film of the compressively-
strained InGaAs/GaAs heterostructure, which has a smaller shear modulus than GaAs
[21]. Since the shear modulus of GaAso.92Sho.os is less than for GaAs, the trailing 30°
partial should be located right at the tensile-strained GaAs(cap)/GaAso.92Sho.os interface,

if not in the GaAso.92Sho s film.

Fig. 4.4. Aberration-corrected HAADF-STEM images showing the location of 30° and
90° Shockley partials with respect to: (a) compressively-strained film/substrate interface,
and (b) tensile-strained cap/film interface in GaAs/GaAsSh/GaAs heterostructure.

Interface locations are shown by dashed white lines [12].

Figures 4.4(a) and (b) show the locations of two Shockley partial dislocations at

the film/substrate and cap/film interfaces, respectively. The interface position was
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identified by noting the background intensity of the GaAs and GaAso.92Sho.0s layers. The
trailing 90° partial in Fig. 4.4(a) is located in the GaAsSb film at a distance of 1.6 nm
from the film/substrate interface, whereas the leading 30° partial is located in the GaAs
substrate at a distance of 2.1 nm from the film/substrate interface. In comparison, for the
tensile-strained cap/film interface, as shown in Fig. 4.4(b), the leading 90° partial is
located 2.5 nm from the interface in the GaAsSb film whereas the trailing 30° partial is
pushed 1 nm from the interface into the GaAs capping layer, which has a higher shear
modulus than the film. Thus, the equilibrium positions of the Shockley partial
dislocations are insensitive to the shear moduli of the film and substrate since the leading
partial is located in the constraining layer, whereas the trailing partial is located close to
the interface in the layer undergoing relaxation for both tensile and compressively

strained interfaces.

In {111} glide planes, the 90° partial dislocation lies in the same direction as the
resolved shear stress whereas the 30° partial dislocation makes a 60° angle with the stress
direction. Consequently, the 90° partial experiences twice as much stress as experienced
by the 30° partial. The 30° partial is the leading partial dislocation under compressive
stress condition and it is considered that once a 30° Shockley partial nucleates, the
trailing 90° partial which experiences a greater force would quickly nucleate and
terminate the fault. Under tensile stress condition, however, the 90° partial is the leading
partial and since the trailing 30° partial dislocation experiences a weaker force, its
nucleation can be delayed, thus effectively prolonging the dissociation width. This
geometrical effect was cited to explain the narrow faults observed in the compressively-

strained InGaAs/GaAs system in contrast to wider faults observed in the Si/GaP system
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[19]. However, no difference in dissociation width between stacking faults lying at the
compressively-strained interface and those at the tensile-strained interface was observed
in the present system. The dissociation width of the faults at the compressively-strained
GaAso.92Sho.0s/GaAs interface was measured to be 5-9 nm. The dissociation width of the
stacking fault at the tensile-strained GaAs(cap)/GaAso.g2Sho.os interface was ~ 3-5 nm.
Therefore, it can be concluded that the geometrical factor arising from the orientation of
the Shockley partials with respect to the resolved shear stress direction in {111} planes,

does not have any significant effect on the dissociation width of the stacking faults in the

present case.
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Fig. 4.5. Aberration-corrected HAADF-STEM image showing dissociated 60° dislocation
at the tensile-strained film/substrate GaAsP/GaAs interface in GaAs/GaAsP/GaAs

heterostructure. Interface location indicated by dashed white line.

Figure 4.5 shows an aberration-corrected HAADF-STEM image of a dissociated

60° dislocation at the film/substrate GaAsP/GaAs interface. The dissociated dislocation is
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bounded by 30° and 90° Shockley partials at its two ends. The 30° Shockley partial
dislocation contains a single atomic column comprised of Ga atoms in [110] projection.
The approximate location of the interface has been identified based on the difference in
the background intensity of the image that pertains to the film and the substrate. The
GaAsP film appears darker in intensity compared to the GaAs substrate in Z-contrast
HAADF-STEM imaging, which is compliant to the fact that the replacement of As by P,
which is a lighter element, results in a lower average atomic number of the film than the

substrate.

A RH/FS Burgers circuit is drawn encompassing the dissociated dislocation to
identify the Burgers vector, which is marked by the red arrow connecting the start and the
end of the Burgers circuit. The projected component of the Burgers vector is a/4[112].

The dislocation lies in (111)fault plane, and the possible dissociation reactions are:
a/2[011] = a/6[112] + a/6[121]
OR
a/2[101] = a/6[112] + a/6[211]
60° perfect 90° partial 30° partialLomer-Cottrell locks

Lomer-Cottrell locks are formed by the interaction of two dissociated dislocations
lying on intersecting {111} planes. The detailed atomic arrangement of this kind of
defect is revealed by aberration-corrected HAADF-STEM images, as shown in Fig.
4.6(a). The characteristic single atomic column at the core of the 30° partial, which

consist of Ga atoms in this projection, are marked by white arrows.
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The 30° partials of the stacking faults at two different {111} glide planes react

together to form the Lomer-Cottrell lock. The 30° partials are separated by a Ga-As pair.

Combining the dissociated dislocations will yield a stair-rod dislocation and two

Shockley partial dislocations of edge character. One of these reactions is:

a/6[112] + a/6[121] + a/6[112] + a/6[211] = a/6[110] + a/6[112] + a/6[112]

+

30° partials stair-rod
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Fig. 4.6. (a) Aberration-corrected HAADF-STEM [110] projected images showing two

intersecting stacking faults forming stair-rod dislocation at film/substrate interface. (d)

Bright-field STEM image showing location of one 90° partial corresponding to defect

complex shown in (a). The film/substrate interface is marked by white dashed line. Inset

shows low magnification image illustrating that the entire defect lies in the substrate.

These dislocations have parallel edge components but an anti-parallel screw

component. To illustrate this point, the Burgers vectors of the 30° Shockley partial

dislocations is expressed as a combination of edge and screw components:
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a/6[121] = a/12[112] + a/4[110]

a/6[211] = a/12[112] + a/4[110]

30° partial edge component screw component

The stair-rod dislocation is of edge character and lies in the (001) plane, which is
not the favorable slip plane for sphalerite materials. Thus, this dislocation is considered
as a sessile dislocation. Figure 4.5(b) shows that the 90° partial is located a few
nanometers away from the interface in the substrate. The 30° partial is located well into
the substrate. It is interesting to note that both 90° and 30° partial dislocations
corresponding to the two interacting stacking faults are located in the GaAs substrate,

which is unlike the case for isolated stacking faults.

The Lomer-Cottrell locks were formed at all stages of strain relaxation. However,
the Hirth lock dislocation was not observed in any of the samples. In the case of Hirth
lock dislocations, the two interacting 30° partials have dissimilar elements in their cores
[20]. This is possible when a misfit dislocation with wrong sense of Burgers vector,
formed during the process of strain relaxation, reacts with a misfit dislocation with
correct sense of Burgers vector. The absence of any Hirth lock dislocations indicates that
the misfit dislocations had correct Burgers vectors and helped to relieve strain at the

interface.
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4.3 Lomer dislocations
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Fig. 4.7. (a) Aberration-corrected HAADF-STEM image of Lomer edge dislocation in
Sample E. Bright-field STEM images showing (b) location of edge dislocation in (a)
relative to strained film/substrate interface, and (c) another Lomer edge dislocation
situated right at film/substrate interface of Sample F. Interfaces are marked by white

dashed lines [21].

In addition to dissociated 60° dislocations, stair-rod dislocations and dislocation
loops, Lomer edge dislocations with compact core structures were also observed. The
Burgers vector of a perfect 90° Lomer dislocation lies in the projection plane when the
dislocation is viewed in ‘end-on’ geometry, i.e., the dislocation line is aligned with the
projection direction. Since Lomer edge dislocations are perfect dislocations, Burgers
vectors of these dislocations are integer multiples of the distance between two atomic

sites in the crystal lattice. Figure 4.6(a) shows an atomic-resolution HAADF-STEM
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image of a Lomer edge dislocation in a GaAs/GaAsSh/GaAs heterostructure with a 500-
nm-thick GaAsSb film. The Burgers vector of the dislocation was determined by Burgers

circuit analysis to be a/2[110], following the RH/FS convention.

A possible mechanism for Lomer dislocation formation is the reaction between
two perfect 60° dislocations lying on two intersecting {111} glide planes. The extra half-
planes of the two 60° dislocations corresponding to (111) and (111) glide planes have
been highlighted in Fig. 4.7(a). The energetically favorable dislocation reaction can be

written as:

a/2[011] + a/2[101] = a/2[110]

Figures 4.7(b) and (c) are bright-field STEM images of Lomer dislocations
showing the positions of the dislocation relative to the strained film/substrate interface of
Samples E and F, respectively. The dislocation in Fig. 4.7(b) is located 6.5 nm away from
the interface in the GaAsSb film, whereas the one in Fig. 4.7(c) is situated right at the
interface. It is interesting that isolated Lomer edge dislocations were observed in many
places, including several hundred nanometers into the film as well as at the interface.
This random distribution appears to be indicative of their creation by stochastic
interaction of threading dislocations. Their density, as observed in cross-sectional TEM
samples, was much lower compared to the density of interfacial dissociated 60°
dislocations. Moreover, Lomer dislocations with compact core structures were only

observed in heterostructures that had undergone Stage-11 and/or Stage-I11 relaxation.

Figure 4.8 shows a HAADF-STEM image of a dissociated dislocation at the

film/substrate interface of the GaAs(cap)/GaAso.013Sho.0s7/GaAs(001) heterostructure,
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which had a 1000-nm-thick film. Burgers circuit analysis was again used to identify the
Burgers vectors of the various dislocations associated with the extended defect. As shown
in Fig. 4.8(a), a RH/FS Burgers circuit was drawn enclosing both the partial dislocations
and yielded a/2[110] Burgers vector, which makes a 90° angle with the [110] projection
direction. Thus, the defect is a 90° dislocation that has been dissociated to create the
intrinsic stacking fault. RH/FS Burger circuits starting and finishing on the fault were
drawn at both ends to determine the Burgers vectors associated with each partial
dislocations. The Burgers vector of the leading partial dislocation, which is located in the
GaAs substrate, turns out to be a/12[112]. This would correspond to the projected
component of an actual Burgers vector of either a/6[121] or a/6[211], which makes a
30° angle to the [110] projection direction. Hence, it is a 30° Shockley partial dislocation
lying in the (111) fault plane. The extra half-plane associated with the 30° partial
dislocation is terminated by a single atomic column, although it appears to be made more
complicated by the possible presence of a kink along the dislocation line. From polarity
determination using matching experimental and simulated CBED patterns, this atomic
column consisted of Ga atoms in [110] projection, indicating again that the dislocation

primarily belongs to the glide set.

The trailing partial dislocation located in the GaAsSb layer appears to be far more
complex. A RH/FS Burgers circuit was drawn to identify the Burgers vector. The inset

shows a magnified view of the trailing partial, where the red arrow indicates the Burgers
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Fig. 4.8. Atomic-resolution HAADF-STEM image showing dissociated 90° dislocation at
GaAso.913Sho.0s7/GaAs interface. RH/FS Burgers circuits are drawn around the fault and
partial dislocations. The magnified image of boxed area around the trailing partial core
shows Burgers vector (red arrow) of trailing partial as a resultant of Burgers vector (green
arrow) of perfect 60° dislocation and Burgers vector (blue arrow) of 90° Shockley partial
dislocation. Magnified image at the bottom portion of the image shows boxed area

around 30° partial core.

vector. This Burgers vector can be thought as the resultant of the Burgers vectors of a 60°
perfect dislocation and a 90° partial dislocation, as indicated by the green and cyan
arrows, respectively. The Burgers vector of the 60° dislocation is either a/2[101] or
a/2[011], while the Burgers vector of the 90° partial dislocation is a/6[112]. Hence, the

Burgers vector of the trailing partial can be written as:
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a/2[101] + a/6[112] = a/6[411]
OR

a/2[011] + a/6[112] = a/6[141]

This defect can be formed by reaction between a dissociated 60° dislocation and a
perfect 60° dislocation, in which case the latter reacts with the trailing 90° partial
dislocation of the dissociated 60° dislocation. This dislocation reaction can be described

as:
a/2[101] + a/6[112] + a/6[121]= ¢/, [110]

OR
a/2[011] + a/6[112] + a/6[211]= %/, [110]

Alternatively, the dislocation could be formed by dissociation of a perfect Lomer

dislocation. The dissociation reaction can then be described as:
a/2[110] = a/6[411] + a/6[121]

OR
a/2[110] = a/6[141] + a/6[211]

In terms of elastic strain energy considerations, which are proportional to the

square of the Burgers vector, the reaction between the dissociated 60° dislocation and the
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perfect 60° dislocation is more energetically favorable than the dissociation of a perfect

90° dislocation.

4.4 Conclusions

The core structure of defects created at different stages of strain relaxation in
GaAs/GaAsSh/GaAs(001) heterostructure have been characterized using aberration-

corrected STEM. The main conclusions are as follows -

(i) Interfacial 60° misfit dislocations in low-mismatched
GaAs/GaAsSb/GaAs(001) and GaAs/GaAsP/GaAs(001) heterostructures were
dissociated to form intrinsic stacking faults bounded by 30° and 90° partial dislocations.
Aberration-corrected STEM images clearly showed the presence of unpaired atomic
columns at the cores of 30° partial dislocations, which established that these defects were

primarily glide-set dislocations.

(ii) Dissociated 60° dislocations with anti-parallel screw components on
intersecting {111} planes, interacted to form Lomer-Cottrell locks. Aberration-corrected
STEM images revealed that the leading glide-set 30° partials had interacted to create
stair-rod dislocations. The core of the stair-rod dislocation consists of single atomic

columns that belong to the two leading 30° partials separated by a Ga-As pair.

(iii) Lomer edge dislocations with compact core structures were observed right at
the interface and also several nm away from the interface into the GaAsSb film.
Additionally, a novel dissociated edge dislocation was observed at the interface, which
was bounded by a dislocation with a/6<411> type Burgers vector at one end and a glide-

set 30° partial dislocation at the other end.
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CHAPTER 5
ATOMIC-RESOLUTION STRUCTURAL IMAGING OF
INTERFACIAL DEFECTS IN GaSh/GaAs(001)
HETEROSTRUCTURE

5.1 Introduction

The growth of GaSb/GaAs(001) heterostructures has been the subject of ongoing
attention due to the band alignment and high electron mobility, which are useful for
optoelectronic device applications [1,2]. The large difference in lattice parameter (7.8%)
between GaSb and GaAs combined with differences in thermal expansion coefficients
cause high misfit strain at the interface, which results in a critical thickness of ~4 A.
Beyond the critical thickness, the misfit strain at the GaSh/GaAs(001) interface is
reported to be relieved by either a two-dimensional interfacial array of 90° Lomer
dislocations [3,4], or a mixture of 60° and 90° dislocations [5]. Threading dislocations,
which are deleterious for device performance, are associated primarily with the 60°
dislocations. Hence, the density of threading dislocations should be orders of magnitude
less when the misfit strain is relieved exclusively by an interfacial array of Lomer
dislocations in [110] and [110] directions [6]. The core structures of these interfacial
defects are important because the detailed atomic arrangements determine the associated
defect states in the band gap. Additionally, knowledge of the core structure may shed

light on the formation mechanism of the Lomer dislocations [7].

High-resolution electron microscopy offers the unique advantage of being able to

image dislocation cores at very high spatial resolution, and the technique has previously
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been widely used for many years to reveal the atomic structure of dislocation cores in
semiconductor heterostructures [8]. The recent generations of aberration-corrected
electron microscopes (ACEMS) have the capability to routinely produce images with sub-
angstrom level resolution, which enables direct atomic-structure imaging of dislocation
cores in many semiconductors [9], as also shown in previous chapters for the
GaAs/GaAsSh/GaAs heterostructures. This chapter concentrates on atomic-scale
characterization of interfacial defects occurring in an isovalent GaSh/GaAs(001)

heterostructure, using aberration-corrected scanning TEM.

The GaSh/GaAs sample studied was provided by the group of Prof. Ganesh
Balakrishnan at University of New Mexico. Cross-section TEM samples were prepared
using mechanical polishing, dimpling and argon ion milling. Conventional TEM images
were obtained using the JEOL 2010F microscope operated at 200 kV. Atomic-resolution
STEM imaging was carried out using the JEOL ARM-200F microscope also operated at

200 kV, as described previously.

5.2 Results and discussion

Figure 5.1(a) shows a bright-field TEM micrograph of the GaSh/GaAs(001)
heterostructure. A high density of threading defects and stacking faults is present in the
GasSb layer. As expected, the GaSb/GaAs interface also exhibits a high density of defects.
Aberration-corrected STEM imaging was used to examine the atomic structure of the
interfacial defects, and Fig. 5.1(b) shows a typical atomic-resolution HAADF-STEM
image of the GaSh/GaAs interface region. Several different types of interfacial defects
can be identified, including 60° and Lomer dislocations, as well as a short {111}-type

intrinsic stacking fault propagating upwards from the plane of the interface.
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Fig. 5.1. (@) TEM micrograph of GaSh/GaAs(001) heterostructure revealing the
crystalline quality and defect structure of the GaSb layer. (b) Atomic-resolution HAADF-
STEM structural image of GaSh/GaAs heterointerface region showing short {111}-type
intrinsic stacking fault (yellow arrow), 60° dislocation (red arrow) and two Lomer

dislocations (white arrows).
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Fig. 5.2. (a) Atomic-resolution LABF-STEM structural image of interfacial dislocation at
GaSb/GaA:s interface, together with corresponding RH/FS Burgers circuit. (b) HAADF-
STEM image of the same defect with structural model overlaid on the dislocation
depicting the five-membered and seven-membered atomic ring arrangements at the defect

core.

Figure 5.2(a) shows a large-angle bright-field (LABF) STEM image of an
interfacial defect at the GaSh/GaAs interface. The Burgers vector of the defect is
determined by drawing a RH/FS (right-hand/finish-start) Burgers circuit, and the arrow
joining the finishing and starting points of the circuit indicates the Burgers vector. Thus,
the Burgers vector here is identified to be a/2[110], according to the directions shown
on the figure, which constitutes a full lateral lattice translation. This perfect 90°
dislocation is known as a Lomer edge dislocation, since the [110] dislocation line
direction, which is also the beam projection direction, makes a 90° angle with the [110]
Burgers vector direction. The atomic arrangements at the dislocation core can be directly
determined based on the atomic-column intensities in the HAADF-STEM image of the
same defect shown in Fig. 5.2(b). As represented by the schematic, the dislocation core
consists of five-membered and seven-membered rings of atoms. This atomic arrangement

corresponds to the shuffle-set variant of the two types of core structures of edge
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dislocations in diamond-cubic crystals, as originally proposed by Hornstra [10] and also

previously reported for the GaSbh/GaAs interface by Wang et al. [11].

Fig. 5.3. (a) Atomic-resolution LABF-STEM image of dislocation located at GaSh/GaAs
interface with corresponding RH/FS Burgers circuit. (b)) HAADF-STEM image of the
dislocation core and intensity profile (inset) revealing two distinct peaks corresponding to
separate atomic columns. (c) Proposed atomic arrangement at dislocation core overlaid

on HAAD F-STEM image.
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Figure 5.3(a) shows an atomic-resolution LABF-STEM image of another defect
located at the GaSh/GaAs interface. A RH/FS Burgers circuit was drawn encompassing
the defect in order to identify the Burgers vector, which was again determined to be
a/2[110], corresponding to a Lomer dislocation. Figure 5.3(b) includes an intensity
profile across the HAADF STEM image of the same defect. This profile confirms the
existence of single atomic column at the core, which is displaced slightly towards the
left-hand side with respect to the {220} median plane (marked by solid white vertical
lines in Fig. 5.3(c)). Figure 5.3(c) depicts schematically the atomic arrangements at the
dislocation core, which consist in this case of six-membered and eight-membered rings of
atoms. This atomic configuration corresponds to the glide-set variation of a Lomer

dislocation, as originally proposed by Hornstra [10], and is formally identified as a left-

displaced glide-set Lomer dislocation.

Figure 5.4(a) shows an aberration-corrected LABF-STEM structure image of yet
another defect located at the GaSh/GaAs(001) interface, associated in this case with an
interface step. A RH/FS Burgers circuit drawn around the dislocation again identifies the
Burgers vector as a/2[110]. This Burgers vector is equivalent to a full lattice translation
with a 90° angle with the [110] dislocation line direction, and thus the defect is
confirmed to be a Lomer edge dislocation. Figure 5.4(b) includes an intensity profile that
indicates the presence of an atomic column at the core (marked by the arrow), albeit
displaced slightly towards the right with respect to the {220} median plane (marked by
the solid white lines in Fig. 5.4(c)). The atomic arrangement of the dislocation core,
based on the contrast of the HAADF-STEM image, is shown schematically in Fig. 5.4(c).
The dislocation core consists of six-membered and eight-membered rings of atoms.
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Careful observation of the intensity profile across the interface indicates that the
dislocation is associated with an interfacial atomic step, as shown in Fig. 5.4(c). Thus,
this specific dislocation is identified as a right-displaced glide-set Lomer dislocation that

incorporates an atomic step on one side of the defect.
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Fig. 5.4. (a) Aberration-corrected LABF-STEM image of interfacial dislocation at
GaSb/GaAs interface with corresponding RH/FS Burgers circuit. (b) HAADF-STEM
image and intensity profile from HAADF-STEM image of dislocation core revealing two
distinct peaks (the one corresponding to the atom centrally located in the defect core is
marked by arrow in the inset). (c) Proposed atomic arrangement of defect core overlaid

on HAADF-STEM image. Dotted line shows location of GaSb/GaAs interface.
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Fig. 5.5. (@) Aberration-corrected LABF-STEM structure image of interfacial defect in
the GaSh/GaAs heterostructure with corresponding RH/FS Burgers circuit. (b) HAADF-
STEM image and intensity profile obtained from HAADF-STEM image reveal single
atomic peak at defect core. (c) Proposed atomic arrangement of defect core overlaid on

HAADF-STEM image.

Figure 5.5(a) shows an atomic-resolution LABF-STEM image of a fourth type of
GaSh/GaAs interfacial defect, together with the corresponding RH/FS Burgers circuit.

The closure vector here is identified as a/4 [112], according to the directions shown on

Fig. 5.5(a). This arrangement would correspond to the projected component of a 60°

dislocation with a Burgers vector of either a/2[101] or a/2[011], which lies in a (111)
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slip plane. Figure 5.5(b) includes an intensity profile from the HAADF-STEM image of
the dislocation core, which confirms the presence of a single atomic column at the defect
core. Figure 5.5(c) shows a model of the dislocation core overlaid on the HAADF-STEM
image showing the most probable atomic arrangement. The presence of the single As
atomic column at the core confirms that the dislocation belongs primarily to the glide-set

[12].

Figure 5.6 shows an atomic-resolution HAADF-STEM image of a stacking fault
originating at the GaSb/GaAs(001) interface, and extending upwards into the GaSb layer.
A RH/FS Burgers circuit was drawn to encompass the partial dislocations at both ends of
the dissociated defect. The closure vector here is identified as a/4 [112], which would be
the projected component of either a/2[011] or a/2[101] Burgers vectors of an
undissociated 60° dislocation that lies in a (111) slip plane. Thus, this 60° dislocation
has dissociated into 30° Shockley partial and 90° Shockley partial dislocations, as
observed previously for the GaAsSh/GaAs(001) heterostructures. The dissociation

reaction can be written as:
a/2[011] = a/6[121] + a/6[112]
OR
a/2[101] = a/6[211] + a/6[112]
60° perfect 30° partial 90° partial

The 30° partial is the leading partial dislocation and is located right at the compressively-

strained GaSb/GaAs interface. The core of the 30° Shockley partial dislocation contains

101



the characteristic single atomic column, identified here as corresponding to Sb, indicating
that the dislocation belongs to glide-set. The corresponding 90° Shockley partial

dislocation, which is the associated trailing partial dislocation, is located in the GaSh

layer.
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Fig. 5.6. Aberration-corrected HAADF-STEM image of dissociated 60° dislocation at the

GaSh/GaAs(001) interface and corresponding RH/FS Burgers circuit.

Once the different types of defects and the atomic arrangements of their core had
been identified, their relative frequency of occurrence at the interface was determined.
Out of the eighteen analyzed defects, twelve were classic 5-7 ring shuffle-set Lomer
dislocations, two defects were left-displaced 6-8 ring glide-set Lomer dislocations, one
was right-displaced 6-8 ring glide-set Lomer dislocation, two were perfect 60°
dislocations and one was a dissociated 60° dislocation. The average distance between the
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Lomer dislocations at the interface was measured to be 6.0 £ 0.5 nm. The Lomer
dislocations were not regularly spaced along the interface, most likely because of the
occurence of the different defect types as well as the presence of interface steps.
However, only a relative few were associated with these monolayer steps at the interface,
indicating that the presence of an interface step was not a prerequisite for formation of a

Lomer dislocation.

5.3 Summary

The interfacial defects present in a GaSb/GaAs(001) heterostructure have been
characterized and their core structures have been determined using aberration-corrected
STEM structure images. Several types of defects, including Lomer edge dislocations,
perfect 60° dislocations and dissociated 60° dislocations were identified using Burgers
circuit analysis. The majority (83%) of the eighteen analyzed interfacial defects were
perfect 90° Lomer dislocations. These defects interestingly had three different types of
core structure: the well-known 5-7 ring shuffle-set, as well as the 6-8 ring left-displaced
glide-set and the 6-8 ring right-displaced glide-set. The 5-7 ring shuffle-set Lomer
dislocations were the most commonly observed, but no symmetric glide-set Lomer
dislocations were seen. The presence of single atomic columns at the core of the perfect
60° dislocation, and at the core of the 30° Shockley partial of the dissociated 60°

dislocation, indicated that both of these defects belonged to the glide set.
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CHAPTER 6

SUMMARY AND FUTURE WORK

6.1 Summary

The research of this dissertation has involved a comprehensive study of strain
relaxation mechanisms in low-mismatched GaAs/GaAs:xShy/GaAs(001) heterostructures
primarily using transmission electron microscopy. Atomic-scale characterization of
interfacial defects in low-mismatched GaAs(001)-based heterostructures and high-
mismatched GaSbh/GaAs(001) heterostructures using aberration-corrected scanning
transmission electron microscopy was also performed, and their core structure was

studied in detail.

The thickness of the GaAsSb films in GaAs/GaAs1-xShx/GaAs(001) (x~0.08)
heterostructures was varied in the range of 50 nm to 4000 nm in order to understand the
creation and evolution of defects and to investigate strain relaxation mechanisms in these
heterostructures. Three distinct stages of strain relaxation were identified. Diffraction
contrast analysis of plan-view TEM samples using g.b method revealed that Stage-I
relaxation exhibited a sluggish relaxation rate primarily rendered by the motion of 60°
dislocations propagating along two orthogonal <110> directions. Many curved
dislocations were formed in Stage-1l and Stage-111 relaxation, and majority of them
extended into the substrate. In heterostructures with thicker films (500-nm-thick and
onwards), the capping layer exhibited Stage-I relaxation by the formation of 60°
dislocations at the cap/film interface. Dislocation densities in the capping layers were

measured from plan-view TEM samples. It was noted that the dislocation density
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decreased in the heterostructure with 4000-nm-thick film in comparison to the
heterostructure with 2000-nm-thick film even though the misfit strain increased. To
understand this anomalous result, three different sources of dislocations in the capping
layer were considered: i) macroscopic double-kink motion of a threading dislocation; ii)
single-kink motion of a threading dislocation in the capping layer, which is blocked at the
film/substrate interface; and iii) single-kink motion of threading dislocations that are
generated from the surface troughs as dislocation half-loops. A detailed consideration of
these nucleation mechanisms by calculation of theoretical excess stress for single-kink
and double-kink motion of threading dislocations, in conjunction with experimental
evidence obtained using TEM characterization of these heterostructures and AFM
characterization of sample surfaces, led to the conclusion that nucleation of dislocation

half-loops was the dominant nucleation mechanism in these heterostructures.

Atomic-resolution HAADF-STEM images of interfacial defects in GaAs(001)-
based low-mismatched heterostructures were analyzed to characterize the defects and
understand their core structure. Burgers circuit analysis indicated that the interfacial 60°
dislocations, both at compressively-strained film/substrate interface and tensile-strained
cap/film interfaces of GaAs/GaAsSh/GaAs heterostructures, and at the tensile-strained
film/substrate interfaces of GaAs/GaAsP/GaAs heterostructures, were dissociated to form
intrinsic stacking faults bounded by 30° and 90° Shockley partial dislocations. The core
of the 30° Shockley partial dislocation contained a single atomic column. Comparison
with established models of dissociated 60° dislocations indicated that these dislocations
primarily belonged to the glide set. In addition to isolated stacking faults, the leading 30°

Shockley partial dislocations of two dissociated 60° dislocations on intersecting glide

106



planes interacted to form Lomer-Cottrell lock at the compressively-strained
GaAsSbh/GaAs interface. Aberration-corrected STEM images of such defect
configuration revealed that the core of the stair-rod dislocations contained single atomic
columns corresponding to two 30° partial dislocations of identical polarity separated by a
Ga-As pair. Additionally, Lomer dislocations with compact core structure were observed
at the interface as well as inside the film, indicating the stochastic nature of formation of
Lomer dislocations. A novel type of dissociated 90° dislocation bounded by a 30°
Shockley partial dislocation and a a/6<411> type partial dislocation was also observed at

the compressively-strained GaAsSb/GaAs interface.

Interfacial defects formed at the high-mismatched GaSh/GaAs(001) hetero-
interface were imaged with aberration-corrected STEM. While the majority of the defects
were perfect 90° dislocations, perfect 60° and dissociated 60° dislocations were also
observed. Three different types of 90° Lomer dislocations were identified. The classic 5-7
atomic-ring shuffle set dislocation, the left-displaced 6-8 atomic-ring glide-set dislocation
and the right-displaced 6-8 atomic-ring glide-set dislocation. The shuffle-set Lomer
dislocations were the most commonly observed among these three dislocation types.
Single atomic columns were observed at the core of the both perfect 60° and 30°
Shockley partial dislocation corresponding to the dissociated 60° dislocations indicating

that these dislocations primarily belonged to glide set.

6.2 Future work

Cross-hatch morphology is characteristically formed in relaxed low-mismatched
heterostructures that combine diamond-cubic/sphalerite semiconductor materials. In this

dissertation, it has been argued that dislocation half-loops nucleated at the surface troughs
107



are the major source of threading dislocations in these heterostructures. AFM surface
images of the heterostructures with 2000-nm-thick and 4000-nm-thick films showed that
a substantial smoothening of the surface had occurred in the latter compared to the
former. This surface smoothening appeared to be correlated with a decrease in misfit
dislocation density at the cap/film interface. Further experiments are needed to validate
this correlation. Thermal annealing could be performed to achieve smoothening of the
growth front after deposition of the film is completed and the capping layer should then
be deposited. The duration of thermal annealing should be the same time taken to grow a
film at a growth rate of 2 A/s, i.e., ~167 minutes and the holding temperature should be
500°C, which is the temperature at which the film was grown in the experiments
described here. AFM characterization of the heterostructure surface after the annealing
and determination of dislocation density from plan-view TEM images of the cap/film
interface should be performed so that a comparison can be made with the surface
morphology and dislocation density at the cap/film interface of the GaAs/GaAsSh/GaAs

heterostructure with the 4000-nm-thick GaAsSb film.

The core structure of dislocations has been studied using aberration-corrected
STEM technigue. However, a major limitation of this approach of viewing dislocations
with ‘end-on’ geometry is that any variation of the dislocation core structure along the
dislocation line which coincides with the beam projection direction, cannot be directly
visible or interpreted from the 2D projected image. Recently, depth-dependent imaging in
HAADF-STEM imaging mode has become possible due to better depth resolution
achievable as a result of larger convergence angles [1]. Depth-dependent imaging in

conjunction with simulated images of different possibilities of dislocation core structure
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could be used to identify the possible presence of reconstruction related defects, kinks
along the dislocation line, or any possible switch in the particular set (glide or shuffle) to

which the dislocation belongs.

Defect states that are deep in the band gap are effective for non-radiative
recombination of electron-hole pairs and can be therefore very detrimental for device
performance. The determination of the location of the defect state within the band gap
would thus be useful to identify defects that are more detrimental to device performance.
These defect states are dependent on the atomic configuration at the defect core, which
could be determined by transmission electron microscopes with sub-angstrom level
spatial resolution [2-4]. Monochromated electron energy-loss spectroscopy has recently
been used to identify bandgap states related to point defects [5,6]. Electron energy-loss
spectroscopy in an aberration-corrected STEM has recently been applied to identify the
atomic and electronic structure of Shockley partial dislocations associated with
dissociated 60° misfit dislocations [7]. However, bandgap state determination of
commonly observed 5-7 atomic ring shuffle-set and/or 6-8 glide-set type Lomer
dislocations in high-mismatched semiconductor heterostructures using monochromated
EELS with an aberration-corrected STEM has yet to be reported and would be worth

pursuing.
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