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ABSTRACT 

The increasing demand for structural materials with superior mechanical properties has 

provided a strong impetus to the discovery of novel materials, and innovations in processing 

techniques to improve the properties of existing materials. Methods like severe plastic deformation 

(SPD) and surface mechanical attrition treatment (SMAT) have led to significant enhancement in 

the strength of traditional structural materials like Al and Fe based alloys via microstructural 

refinement. However, the nanocrystalline materials produced using these techniques exhibit poor 

ductility due to the lack of effective strain hardening mechanisms, and as a result the well-known 

strength-ductility trade-off persists. To overcome this trade-off, researchers have proposed the 

concept of heterostructured materials, which are composed of domains ranging in size from a few 

nanometers to several micrometers. Over the last two decades, there has been intense research 

on the development of new methods to synthesize heterostructured materials. However, none of 

these methods is capable of providing precise control over key microstructural parameters such as 

average grain size, grain morphology, and volume fraction and connectivity of coarse and fine 

grains. Due to the lack of microstructural control, the relationship between these parameters and 

the deformation behavior of heterostructured materials cannot be investigated systematically, and 

hence designing heterostructured materials with optimized properties is currently infeasible. This 

work aims to address this scientific and technological challenge and is composed of two distinct 

but interrelated parts. The first part concerns the development of a broadly applicable synthesis 

method to produce heterostructured metallic films with precisely defined architectures. This method 

exploits two forms of film growth (epitaxial and Volmer-Weber) to generate heterostructured 

metallic films. The second part investigates the effect of different microstructural parameters on the 

deformation behavior of heterostructured metallic films with the aim of elucidating their structure-

property relationships. Towards this end, freestanding heterostructured Fe films with different 

architectures were fabricated and uniaxially deformed using MEMS stages. The results from these 

experiments are presented and their implications for the mechanical properties of heterostructured 

materials is discussed. 
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CHAPTER 1 

INTRODUCTION 

The motivation behind this thesis is to develop a method to generate heterostructured 

metallic films with precisely controlled architectures that can enable us to study the effect of various 

microstructural parameters on the deformation behavior of these films. With the increasing demand 

of materials with superior mechanical properties, there is a need of structural materials that possess 

higher strength and toughness. Since the discovery of copper (around 9000 BC), humans have 

strived continuously to discover new metals/alloys/techniques to fulfil their technological needs. 

The advancements in the field of alloy development and manufacturing have led to significant 

evolution in the field of metallurgy. The quest for discovering new alloys like high entropy alloys 

and the search of new processing techniques like severe plastic deformation to improve the 

properties of existing materials continues. Over the last few decades, severe plastic deformation 

techniques have led to a significant achievements in the field materials processing by enabling 

production of bulk nanocrystalline (NC) or ultrafine grain (UFG) materials [1,2]. 

NC metals/alloys are materials with average grain sizes less than 100 nm. They show 

promising mechanical properties where the strength increases by an order of magnitude when 

compared to their coarse-grained (CG) counterparts (grain size > 1 µm) as shown in Fig. 1 [3]. The 

strength in NC materials increase due to the reduction in grain size and the presence of high-

volume fraction of grain boundaries (could be as high as 50%). This is very well known as the “Hall-

Petch relationship” which predicts the relationship of strength to be inversely proportional to the 

square root of the grain size [4]. Due to the presence of very small grain size, multiple mechanisms 

like lattice dislocation slip, nucleation and movement of partial dislocation, twin formation, grain 

boundary sliding and diffusion operate in NC microstructures and leads to large increase in strength 

[5]. In addition, NC materials also exhibit other attractive properties such as excellent fatigue and 

wear resistance, increased diffusivity, higher thermal expansion coefficient, enhanced specific 

heat, lower thermal conductivity, and better soft magnetic properties. Unfortunately, due to lack of 
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strain hardening ability in these microstructures, they tend to fracture at very low strain (< 5%). If a 

material has such low strain to failure, it can lead to catastrophic failure of a component during 

service.  

 

Figure 1: Hall-Petch effect in BCC steels. The straight lines show Hall-Petch relationship for 

different steels [3]. 

 The reduction in grain size, leading to the increase in strength, is the very reason for the 

loss of strain hardening ability. The dislocations that nucleate at a grain boundary travel across the 

grain and is annihilated at the opposite grain boundary, resulting in no accumulation or storage of 

the dislocations in the interior of the grains [6–8]. The increase of strength at the expense of ductility 

is a well-known phenomenon commonly known as “strength-ductility trade-off”. Extensive research 

is still being conducted to generate metals/alloys with a combination of superior strength and 

toughness. One promising approach to optimize the strength and ductility is by generating 

heterostructured materials [9,10]. 
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Heterostructured materials consist of microstructure that has considerable variation in 

either the size, orientation, or phase composition of the grains. For example, heterostructured 

materials are often composed of grains that vary in size from tens of nanometers to tens of 

micrometers. The role of smaller grains is to provide strength and that of the larger grains is to 

enable strain hardening through dislocation accumulation and storage. Various 

techniques/strategies have been explored to generate heterostructured materials to overcome the 

strength-ductility trade-off [11,12]. Surface treatments were typically used to produce a gradient 

microstructure in metallic sheets, with nanostructured grains near the surface and coarse grains in 

the middle [13,14]. Another common method to synthesize heterostructured metals involves ball 

milling to produce powders with nanometer and micrometer grain sizes and consolidating them 

[15–19]. In addition to these methods, pulsed electrodeposition can be used to produced 

nanodomains with small misorientations in UFG Ni matrix, which results in ultra-high strength and 

ductility [20]. However, few currently available techniques can produce heterostructured materials 

with good repeatability. More importantly, it is currently infeasible to precisely control 

microstructural parameters like the volume fraction of coarse and fine domains, grain size 

distribution, grain morphology, spatial arrangement, etc. Due to the lack of control on the 

microstructural parameters, very little is known about the influence of these parameters on the 

deformation behavior of heterostructured materials. For example, how would a material deform if it 

has different spatial arrangements of large grains - isolated versus connected – but the same 

volume fraction? Therefore, there is a need to develop a method that enables precise control of 

architectures to fine tune the desired mechanical properties.  

The method developed in this thesis work involves the use of microfabrication techniques, 

like photolithography and dry etching. The key idea is to utilize the two different types of film growth 

simultaneously. When metallic films are grown on amorphous substrates via physical vapor 

deposition (PVD) processes such as sputtering, the films grow in a polycrystalline manner. In 

contrast, metal films deposited on crystalline substrates can grow with a specific orientation 
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relationship to the underlying substrate. This mode of growth, referred to as epitaxial growth, can 

be used to generate single crystal (SC) films when the substrate is also monocrystalline. Using this 

approach, heterostructured metallic films like Fe, Cu, Al, Ni, Ag and Cr were deposited and 

characterized. In addition, the mechanical characterization was performed through uniaxial 

mechanical testing on heterostructured Fe films using MEMS tensile testing stage. 

In chapter 4 and chapter 5, two different methods are discussed in detail on how to 

synthesize heterostructured metallic films for multiple systems. A step-by-step methodology is 

discussed along with microstructural characterization of the films. The microstructural 

characterization of the films was performed using X-ray diffraction (XRD), electron backscattered 

diffraction (EBSD) and transmission electron microscopy (TEM). It also further elaborates on how 

this method can be used for other material systems that does not grow epitaxially on Si. 

In chapter 6, the fabrication of MEMS tensile testing stage with the freestanding 

heterostructured Fe film is discussed. The initial challenges related to the residual stress 

development, clean patterning of Fe layer by wet etch method and the modifications involved in the 

MEMS stage to test thicker films are addressed. A detailed, step-by-step process involved in the 

fabrication of MEMS stage is described along with its working principle. 

In chapter 7, the mechanical behavior of heterostructured Fe films with different 

architectures is discussed. A schematic of different sample architectures on which mechanical tests 

were performed is shown. Three different architectures were studied – parallel architecture (PA), 

series architecture (SA) and wave-like architecture (WA). The stress-strain responses of each 

heterostructured Fe film and their possible deformation mechanisms are discussed. The operative 

deformation mechanisms are interpreted from the scanning electron microscopy (SEM) images of 

the deformed samples.  

Finally, in chapter 8, the research findings from this thesis work are summarized and 

potential future directions are discussed. 
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CHAPTER 2 

LITERATURE REVIEW 

2.1 Nanocrystalline Metals/Alloys 

NC metals/alloys can be synthesized using top-down or bottom-up approach [21]. In top-

down approach, nanostructures are formed by breaking down the microstructure in a bulk material. 

In contrast, in the bottom-up approach nanostructures are created by arranging atom-by-atom, 

layer-by-layer. The methods that belong to top-down approach are severe plastic deformation, 

cryo-milling and mechanical alloying. Bottom-up approaches include sputtering, CVD, 

electrodeposition, etc. A few methods that are very commonly employed to synthesize bulk NC 

materials are ball milling and consolidation, electrodeposition, and severe plastic deformation 

(SPD).  

NC metals/alloys possess high volume fraction of grain boundaries (30% for 10 nm grains) 

compared to their conventional (CG) counterparts as shown in Fig. 2 and Fig. 3. Therefore, their 

properties are largely influenced by grain boundaries. For example, the elastic modulus was 

observed to decrease by 30% in these materials due to presence of high-volume fraction of grain 

boundaries, which are less ordered and densely packed than the grain interiors, and hence show 

larger compliance [5,22]. NC materials exhibit high yield strength/hardness, fracture strength, lower 

elongation and toughness, enhanced diffusivity, higher specific heat, enhanced thermal expansion 

coefficient, superior wear resistance, and enhanced super plasticity at lower temperatures and 

faster strain rates [23]. The strength of NC materials could be an order of magnitude higher than 

that of CG materials. Two deformation mechanisms that become prominent in NC metals are grain 

boundary sliding and emission of partial dislocations [24]. Interestingly, at grain size < 10 nm the 

Hall-Petch relationship breaks down because dislocation pileups are energetically unfavorable at 

these small length scales [25].  
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Figure 2: Schematic of a NC material with large fraction of atoms residing in the grain boundaries 

(white) [22]. 

 

Figure 3: TEM bright field image and selected area diffraction pattern of a NC alloy [26]. 

Despite their superior properties like high strength and hardness, a major limitation of NC 

metals is their poor ductility, which has hindered their application as structural materials [27]. A 

concerted effort has been made to increase the ductility in these materials through several different 
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routes [28]. The two major reasons for lower ductility of NC metals are flaws or defects generated 

during processing and an intrinsic lack of strain hardening ability. The presence of defects like 

porosity and inclusion of unwanted elements like oxygen and nitrogen, which are detrimental during 

service, lead to formation of cracks and, thus, early failure [29,30]. On the other hand, lower strain 

hardening rate is attributed to the lack of dislocation accumulation and storage due to the very small 

grain sizes. According to the Hart Criterion, localized deformation will occur when γ ≤ 1-m; where 

γ is the normalized strain hardening rate and m is the strain rate sensitivity [31]. Here, the effect of 

strain rate sensitivity is marginal to delaying the onset of localized deformation since most metals 

have small values of m at ambient temperatures. Therefore, several methods have been employed 

to synthesize heterostructured materials, which have significantly higher γ, to enhance the ductility 

in NC materials, as shown in Fig. 4. Such methods and their limitations are elaborated in the next 

two sections. 

 

Figure 4: Normalized yield strength vs normalized uniform tensile strain plot of metals/alloys with 

different microstructures. The yield strength and tensile strain values of each metal were 

normalized with respect to yield strength and tensile strain of their CG counterpart, respectively 

[32]. 
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2.2 Heterostructured Materials 

Heterostructured materials are typically composed of domains with contrasting properties, 

e.g., plastically soft and hard domains. The heterogeneity in properties can arise due to 

microstructural heterogeneity, crystal structure heterogeneity or compositional heterogeneity and 

the domain sizes may vary from nanometers to millimeters. In heterostructured bulk materials, 

plastically hard domains yield at higher stress whereas plastically soft domains show higher strain 

hardening capability. The synergistic interaction between these domains lead to a superior 

combination of strength and ductility in heterostructured materials. Initially, the soft (large grains) 

and hard domains (small grains) deform elastically, which is followed by dislocation slip in soft 

domains that have smaller yield strength. Even as dislocation slip initiates in soft domains, the hard 

domains continue to deform elastically. To maintain strain compatibility at the interface between 

the soft and hard domains, geometrically necessary dislocations are introduced in the soft domains 

that increases the overall strength of the material. Once hard domains start to deform plastically, 

more strain is accommodated within soft grains leading to strain partitioning that produces back 

stress work hardening [33]. The above explained deformation mechanism also holds good for 

materials with varying strength within a microstructure [34]. Some of the methods to produce 

heterostructured materials are discussed below. 

Ma and co-workers [35] performed one of the key experiments that showed a combination 

of high strength and tensile ductility was possible in heterostructured copper (Fig. 5). The samples 

were initially cryo-rolled to >90% strains to obtain high dislocation density and avoid dynamic 

recovery, followed by short annealing (3 minutes) at 200oC. The cryo-rolling introduced 

nanostructured phases and the annealing process led to abnormal recrystallization, overall 

resulting in the generation of bimodal microstructure with micron sized (1-3 µm) and nano-sized 

grains. The yield strength increased to 340 MPa, i.e., seven times that of the CG Cu, with uniform 

elongation of 30%. The superior mechanical properties of the bimodal microstructure helped  

motivate the synthesis of variety of heterostructured materials.  
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Figure 5: Engineering stress–strain curves of Cu with different microstructures. Curve A: CG Cu 

(low strength, high ductility); curve B & C: room temperature rolled Cu & cryo-milled Cu (high 

strength, low ductility); curve D: cryo-milled Cu annealed at 180oC; curve E: cryo-milled Cu 

annealed at 200oC (improved ductility but strength decreased). This produced a bi-modal 

microstructure improved ductility but also decreased strength (curve E) [35]. 

Another well-known method for producing heterostructured metals involves ball milling of 

different sized particles (nm to microns range), which are then consolidated to obtain materials with 

a microstructure with wide grain size distribution. This method has proven to be a simple way to 

obtain heterostructured materials with optimal strength-ductility combination [10,15]. During the 

initial development of ball milling and consolidation process to develop heterostructured materials, 

problems arising from processing, mainly porosity, led to early fracture of the samples [17,36]. Even 

after achieving theoretical density, the weaker bonding between the particles due to the surfactants 

used lead to embrittlement. Nevertheless, work on Al-alloys from Lavernia and co-workers [37–39] 

showed enhanced properties, as shown in Fig. 6. In their work, Al-alloy was ball milled at liquid 

nitrogen temperatures followed by powder compaction by hot isostatic pressing and extrusion. In 
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Al 5083 alloys, around 200 nm grain size was achieved in NC regions and some large grains 

(micron sized) were obtained from mixing cryo-milled and un-milled powders [40]. The variation in 

the volume fraction of combination of large and NC grains affected the stress – strain curves 

correspondingly. Similarly, in Al - 7.5% Mg alloy, the larger grains were incorporated through 

addition of un-milled alloy powders of micron size to the existing cryo-milled NC alloy powders [41]. 

The ratio of volume fraction of cryo-milled to un-milled powders (larger grains) showed the change 

in strength and ductility by enabling strain hardening within larger grains and strengthening by 

smaller grains. 

 

Figure 6: Tensile stress-strain curves of an Al alloy with bimodal microstructure and different 

volume fraction of coarse and UFG domains [41]. 

 Using pulsed electrodeposition method, nanodomained Ni, as shown in Fig. 7, was 

produced that contains a UFG matrix with 200 nm mean grain size. These ultrafine Ni grains were 

embedded with 8 nm sized Ni domains [20]. Despite the volume fraction of these nanodomain Ni 

being only 2 vol %, the resulting material has yield strength of 1.3 GPa (comparable to NC Ni with 

uniform grains) and uniform elongation of 30% (comparable to CG metal). The outstanding 
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strengthening in this material is achieved due to the blockage of dislocations by the nanoscale 

domains which act like precipitates in precipitation hardened alloys. The nanoscale Ni domains 

also enable dislocation multiplication while providing sufficient space within the grain for 

dislocations to entangle and accumulate during deformation. 

 

Figure 7: (left) TEM micrograph of electrodeposited Ni film that shows nanoscale Ni domains 

embedded within Ni matrix crystal. (right) Tensile stress–strain curves of Ni. Tensile stress-strain 

curves of Ni with different grain sizes ranging from 27 μm to 18 nm along with nanodomained Ni 

electrodeposited sample [20]. 

Surface mechanical attrition treatment (SMAT) and surface mechanical griding treatment 

(SMGT) are the methods used to generate gradient NC materials [42,43]. This technique enables 

the generation of nanostructures on the surface of a bulk CG metals. In SMAT, steel balls are 

vibrated at ultrasonic frequencies and impacted on the sample surface over a short time. In SMGT, 

a sample is grinded against a hard carbide tip to produce severe plastic deformation at the surface 

as shown in Fig. 8. In both the cases, the surface layers are severely deformed to produce 

nanoscale microstructures. Fang et al. used SMGT to produce a gradient microstructure consisting 

of nanograins on the surface (mean grain size 20 nm), up to a depth of 60 µm, UFG (mean grain 
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size 300 nm) in the transition region of 60 µm - 150 µm, and CG (µm scale) in the center [13]. The 

sample showed significant increase in strength and over 100% true strain in tension. Similar 

mechanical behavior was observed in samples prepared by SMAT. The reason for higher strain 

hardening behavior in these samples was the build-up of geometrically necessary dislocations and 

role of multiaxial axial stress state from different phases in activation of new slip systems and 

dislocation storage. 

 

Figure 8: (left) Cross sectional image of gradient NC Cu prepared by surface attrition. (right) Tensile 

stress-strain curves for a CG Cu (red), a free-standing NC foil sample (black) and a gradient 

nanograined with interior CG (GNG/CG) Cu sample. Inset shows the tensile GNG/CG bar samples 

before and after tension [13]. 

 Recently, heterostructured materials with harmonic structure and heterogeneous lamella 

structure, which have continuous three-dimensional networks of soft and hard domains, have been 

fabricated. Ameyama and co-workers synthesized harmonic structures of Cu which showed higher 

strength and ductility than bimodal microstructure Cu counterparts [18]. Interestingly, the ductility 

in these samples surpassed CG Cu samples at 19% UFG volume fraction. Wu et al fabricated 

heterogeneous lamella in Ti where network of soft coarse grains lamellae is embedded in the matrix 

of hard UFG lamella matrix as shown in Fig. 9. These samples were as strong as UFG Ti and as 

ductile as conventional CG Ti [44]. In this case, the extra hardening was attributed to the buildup 



 

13 

 

of geometrically necessary dislocations against the interface between soft and hard domains that 

create a back stress on the dislocations around it leading to further strengthening.  

 

Figure 9: (left) TEM image of Ti with heterogeneous lamella structure that shows a lamella of 

recrystallized grains in between two lamellae of UFG. (right) Tensile stress-strain curves of 

heterogeneous lamella Ti compared with UFG Ti and CG Ti [44]. 

2.3 Limitations and Current Challenges 

 The research conducted so far demonstrates that heterostructured materials provide a 

clear path to achieve higher strength and ductility in metallic systems. However, the processing 

methods available today still faces challenges such as incorporation of impurities during 

processing, lack of reproducibility, and inability to control microstructural parameters. For example, 

during ball milling, the metal powders absorb impurities like Fe from steel ball, and C and N from 

binders that form carbide and nitride intermetallics, which act as potential sources of crack 

nucleation and propagation. Besides impurities, achieving 100% density through consolidation is a 

challenge resulting in porosities in the sample. The presence of porosity is detrimental to achieving 

higher ductility. In electrodeposition, additives act as grain refiners to achieve nanosized grains by 

increasing grain nucleation sites. Impurities like sulfur, which are present in the additives, 

accumulate in the grain boundaries and lead to early failure of the samples [28]. 
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Another limitation of current processing techniques is the inability to reproducibly 

synthesize specific microstructures [32]. Since the mechanical properties are directly related to a 

microstructure, the lack of reproducibility can result in large scatter of the strength and ductility 

values. For example, it is extremely difficult to reproduce the volume fraction of fine and coarse 

domains and their exact grain size distribution using plastic deformation followed by annealing. 

In addition, current methods do not allow control of key microstructural parameters like 

grain size distribution, spatial distribution of fine and coarse grains, and grain morphology even 

though they might provide control over certain parameters such as the volume fraction of coarse 

and fine grains. For instance, volume fraction of small grains and coarse grains can be controlled 

by using different powder sizes during consolidation, but their spatial location or morphology cannot 

be controlled. Similarly, SMAT or SMGT can create nanograined layers only to a depth of a few 

hundreds of microns [45]. The field of heterostructured metals would take a significant leap if such 

microstructures can be synthesized with robust control and repeatability. That would enable the 

researchers to understand the effect of each microstructural parameter on the mechanical behavior 

independently and eventually design the materials with required mechanical properties. 

To summarize, there have been major advances in synthesizing and characterizing 

heterostructured metals and alloys. However, there are still several outstanding challenges that 

need to be overcome. Foremost among them is the capability to precisely control key 

microstructural parameters such as size, volume fraction and connectivity of coarse and fine grains, 

simultaneously and independently. This is essential to understand their effect on the mechanical 

properties, which is the first step towards designing heterostructured materials with optimized 

properties. This thesis addresses this key challenge and opens the possibility of creating functional 

materials with tailored morphologies and microstructures. 
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CHAPTER 3 

EXPERIMENTAL TOOLS AND METHODS 

This chapter details the major tools and techniques that were used to synthesize the 

heterostructured metallic films and MEMS tensile testing stage. This chapter is divided into two 

sections. The first section describes the tools that were used for microfabrication. The second 

section describes the tools that were used for microstructural characterization of heterostructured 

films. 

 3.1 Microfabrication Tools 

 Heterostructured metallic films and MEMS tensile testing stage were fabricated using 

microfabrication techniques that involve deposition, photolithography, dry/wet etching, and deep 

reactive ion etching. The tools and the methods employed used for each of these processes are 

explained below. 

3.1.1 Magnetron Sputtering Tool 

A magnetron sputtering system (Orion 5 system manufactured by AJA International) as 

shown in Fig. 10 was used to deposit the metallic films studied in this thesis. Sputtering is a physical 

vapor deposition method where inert gas (typically Ar) ions bombard the metallic target and sputters 

off atoms which get deposited on the substrate. It is a widely used technique that has the capability 

to deposit thin films with 2-3% thickness uniformity across a 4” wafer. It is well equipped to provide 

a good control on film thickness and composition. The Orion 5 sputtering tool has five confocal 

magnetron sputtering guns that can be used to sputter single component or multicomponent 

material systems. The tool possesses three DC and two RF power sources. The DC power sources 

are highly efficient in depositing metallic materials whereas RF power sources are well suited to 

deposit semiconductors and insulators. All the guns are equipped with pneumatically controlled 

shutters that needs to be opened before deposition. These guns hold 2” diameter targets. The tool 
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is also capable of performing back sputtering on the substrates by RF reverse bias, which is useful 

to clean the substrate or remove oxide layers. Along with these capabilities, reactive sputtering is 

also possible to grow dielectric thin films like SiNx.  Reactive sputtering is performed by injecting 

gases like N or O during deposition of semiconductors or metals. Like many other vacuum systems, 

the main sputtering chamber is connected to a load lock through a gate valve, which helps in 

quicker sample loading without compromising the vacuum. The main chamber and the lock are 

each continuously pumped by turbo molecular pumps that are connected to mechanical pumps. 

The robust vacuum systems ensure that the base pressure in the sputtering chamber is always < 

6.66 ×10-6 Pa. When further chamber conditioning treatments are performed, the vacuum can reach 

the low 10-7 Pa range. The chamber conditioning involves deposition of gettering materials like Ti 

and Al followed by a bake-out step using heating straps. The substrates are mounted on a substrate 

holder made up of Inconel. The substrates can be heated up to 800oC and therefore heating during 

deposition or annealing after deposition of the films can be performed in vacuum to prevent 

oxidation. 

 

Figure 10: (left) Orion 5 Sputter Deposition Tool used to synthesize metallic  films. (right) Magnetron 

sputtering guns having copper targets. Pictures courtesy of AJA International. 
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3.1.2 Photolithography 

The first step of photolithography is to spin coat the wafer with a layer of photoresist. 

Photoresist spinners/spin coaters are rotated at very high speeds (around 4000 rpm) to spin coat 

the wafer with photoresists by centrifugal force. The thickness of spin-coated layer depends mainly 

on two parameters, viz. photoresist viscosity and rotation speed. AZ 4620 and AZ 3312 photoresists 

were used for photolithography involved for synthesis of multimodal microstructure and MEMS 

device fabrication. AZ 4620 coats a layer of 6–8 µm thick resist depending on the rotation speed of 

chuck. This resist is used for device fabrication when 200 µm thick Si wafer needs to be etched in 

Deep Reactive Ion Etching (DRIE) tool. AZ 3312 is quite commonly used to coat 1 µm thick layer 

for intricate patterns that need better resolution. The patterning of multimodal architectures was 

performed using AZ 3312 photoresist as they provide better resolution during photolithography. 

Before spin coating the photoresist, HMDS (HexaMethlyDi-Silazane) was spin coated on the wafers 

to provide better adherence of photoresist with the wafer. After the photoresist was spin coated, a 

soft bake at 100oC was performed allow the evaporation of solvents. 

UV exposure is the second step in a photolithography process. After the wafers are spin 

coated with photoresist and soft baked, a mask aligner tool (EVG 620) is used to align the chrome 

mask with the wafer. The chrome masks are designed in AUTOCAD and procured from an external 

vendor. The open regions in the mask are the regions where photoresist is exposed to UV radiation. 

After the wafer is aligned to the alignment marks on the mask, the UV lamp is turned on to expose 

the wafer to UV light. Exposures of 50 mJ/cm2 and 500 mJ/cm2 are provided for 1 µm and 8 µm 

thick photoresist. Thereafter, the exposed photoresist is developed using AZ 300MIF to obtain the 

patterned photoresist layer. 

3.1.3 Dry/Wet Etching 

After the photoresist is exposed and developed, the pattern needs to be transferred to the 

underneath layer. Depending on the underneath layer present, dry or wet etching is performed. Dry 
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etching is an etching method where a plasma of reactive/non-reactive gases is used in vacuum 

chamber along with power applied to the plates. No liquid chemical is involved in this process. On 

the other hand, wet etching is the method where etching is performed using the liquid chemical 

etchants. Wet etching is performed in the cases where the layer underneath cannot be etched 

using dry etch method. For example, Fe or Cu cannot be etched using dry etching, therefore, they 

need to be etched using a wet etch process. 

The tool (PlasmaTherm PT 790) uses plasma of CHF3 and O2 gases to etch SiNx using a 

combination of physical and chemical etching as shown in Fig. 11. It was used to etch the SiNx 

layer underneath the photoresist. The wafer is kept on a graphite electrode inside the vacuum 

chamber to accelerate the plasma ions towards the wafer. The power and pressure used for this 

process was 50 W and 6.6 Pa. The advantage of dry etching is that it etches anisotropically, i.e., 

the etch rate of the material in the direction of the incident plasma is much higher than the etch rate 

in the orthogonal directions. Apart from reactive ion etching, this tool is capable of sputter etching. 

In case of thin films (< 50 nm) that cannot be chemically etched, Ar plasma can be used to physically 

remove (sputter) the thin film. Silver was sputter etched using this tool. 

 

Figure 11: Schematic of the RIE chamber. The reactive gases are used to etch metal films. Picture 

courtesy of Oxford Instruments. 
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After the pattern is transferred from photoresist to the metal/SiNx layer, the fabrication of 

MEMS device is performed by etching silicon with high aspect ratio features. The MEMS devices 

are fabricated by deep etching while ensuring that the walls of the device structures remained 

vertical. STS Advanced Silicon Etcher was the tool used for this purpose. It uses a Fluorine-based 

chemistry and the “Bosch” process to achieve extremely anisotropic etch features (Fig. 12) [46]. 

 

Figure 12: Schematic representation of the two step Bosch process [46]. 

The Bosch process is two-step process where the first step involves the deposition of a 

thin passivation layer of C4F8 (Teflon). The purpose of Teflon layer is to protect the side walls of the 

MEMS device. After the passivation of side walls, a SF6 based plasma is created inside the vacuum 

chamber to etch the exposed silicon regions of the wafer. The other regions on the wafer are 

covered with the photoresist that acts as an etch mask. In the etching step, the SF6 ions are 

accelerated towards the wafer by applying RF power. Physical sputtering and chemical etching 

occur simultaneously. The plasma ions are accelerated in a direction normal to the wafer surface 

and sputters off the passivation layer of Teflon and chemically etches away Si atoms. However, 

the passivation layer on the side walls is not sputtered away and therefore, protects the vertical 

walls from undercutting. F-based chemistries are very well known to etch Si where the reaction 

yields SiF4 as a gaseous reaction product, which can be pumped out. Multiple etch/passivation 
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cycles are repeatedly performed until the Si wafer is etched through and freestanding metals films 

are obtained. The etch rate obtained during this process is around 2-2.5 µm/min. The 

etch/passivation times used are 6 s/8 s. 

As mentioned earlier, wet etching methods were used where dry etching could not be 

performed. The wet etchants used for Cu and Fe are differently diluted nitric acid (HNO3). Cu was 

etched using 1:3 HNO3:Water and whereas Fe was etched using 1:100 HNO3:Water. The etch rate 

for both Cu and Fe are 70 – 80 nm/min. The solution is continuously stirred during etching. 

3.2 MEMS Tensile Testing Device 

The MEMS device obtained from the fabrication was used to conduct uniaxial tensile tests 

on the co-fabricated freestanding thin films. The steps involved in the fabrication of a device and 

an optical image of the device is shown in chapter 6. 

3.3 Microstructural Characterization 

Microstructural characterization of the films was performed using XRD, TEM and EBSD. 

TEM characterization was performed using a JEOL 2010F transmission electron microscope, 

whereas EBSD scans were performed in a Zeiss Auriga dual beam focused ion beam/scanning 

electron microscope.  

 X-ray Diffraction is a non-destructive technique that uses X-rays for structural 

characterization of materials. It can provide information on crystalline phases, orientation, thickness 

of thin films and multilayers, structural properties like residual strain, grain size and phase 

composition. A Cu-Kα X-ray source is used to focus an X-ray beam on the sample through filters 

and divergence slits. The beam interacts with the sample and gets diffracted. The diffracted beam 

is then detected by a detector. The texture and quality of epitaxial growth was characterized by 

high resolution XRD (Panalytical X’pert Pro) using Cu-Kα radiation with parallel beam optics (10 
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mm mask, 0.25o divergence slits). θ-2θ, ω and Ф scans were performed to identify the growth 

orientation of the film and its epitaxial relationship with the SC Si wafer.  

TEM is a microscopy technique in which an electron beam is transmitted through a 

specimen to form an image. Due to the limited transparency of the electron beam, samples thinner 

than 100 nm are most used. Heterostructured metallic films were characterized using a JEOL 

2010F to obtain bright field images and selected area diffraction patterns. 

 SEM is a microscopy technique in which an image is captured by rastering a focused 

electron beam. Secondary electrons (SE) have limited mean free path in solids due to their very 

low energies (~50 eV). Therefore, secondary electrons escape from the top few nanometers of the 

sample surface. Secondary electron-based imaging was used to characterize the surface 

topography of the heterostructured metallic films. EBSD is a SEM-based microstructural 

characterization technique used to obtain information about the crystal orientation, structure, phase 

in a material. Since the sample is tilted at 70o from horizontal towards the diffraction camera, some 

electrons entering the sample backscatters. The escaping electrons exit near to the Bragg 

conditions and diffract to form Kikuchi bands corresponding to lattice diffracting crystal planes. Each 

band is then indexed individually by the Miller indices of the diffracting plane that forms it. Zeiss 

SEM/EBSD was used to perform orientation mapping. The parameters used for the scans were 20 

KV electron voltage, 120 µm aperture and 20 mm working distance. TSL OIM Data Collection and 

Analysis software was used to obtain the EBSD maps. 
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CHAPTER 4 

SYNTHESIS OF HETEROSTRUCTURED METALLIC FILMS WITH PRECISELY DEFINED 
ARCHITECTURES DIRECTLY ON Si SUBSTRATES 

4.1 Introduction 

Strength-ductility trade-off is a well-known phenomenon in metals [47], wherein an increase 

in strength usually comes at the expense of ductility. For example, homogeneous NC metals exhibit 

considerably higher strengths compared to their CG  counterparts [4] but typically have uniform 

elongations of less than 5% due to the lack of effective strain hardening mechanisms [22,28]. 

Heterostructured metals such as those with bimodal or multimodal microstructures, in contrast, 

exhibit strain hardening rates that are comparable to CG metals and offer the promise of 

unprecedented strength-ductility synergy [10,14,20,44]. Nevertheless, methods to reproducibly 

synthesize heterostructured metals with robust microstructural control are still elusive. Here, a 

broadly applicable method is described to synthesize heterostructured metallic films with precisely 

defined architectures by exploiting two distinct forms of film growth (epitaxial and Volmer-Weber) 

simultaneously. This approach enables rapid validation of microstructural designs to enhance the 

properties of heterostructured metals and provides a platform to create functional thin films and 2D 

materials with tailored phase morphologies and microstructures.    

Heterostructured metals, which are composed of domains that vary in size from a few 

nanometers to several micrometers, encompass a wide range of microstructural designs including 

multimodal microstructures [48], gradient microstructures [49–51], harmonic structures [18] and 

hierarchical microstructures [52,53]. These materials were synthesized through a variety of 

processing routes including thermomechanical treatment of cold worked metals [9], severe plastic 

deformation and sintering of powders [38,54], surface mechanical attrition/grinding treatment 

[13,42] and electrodeposition [55]. A common feature that links the different manifestations of 

heterostructured metals is the presence of plastically hard and soft domains, which leads to steep, 

internal plastic strain gradients even under macroscopically uniform deformation. The plastic strain 
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gradients are accommodated by the generation of highly dense networks of geometrically 

necessary dislocations (dislocations of same sign) which enhance the strain hardening rate and 

delay necking and fracture during tensile deformation.  

But despite the considerable progress achieved in synthesizing heterostructured metals 

and understanding their deformation mechanisms, several challenges remain with regard to 

optimizing their mechanical and physical properties [32]. The primary challenge, perhaps, is 

controlling not only the size and volume fractions of the soft and hard domains but also their spatial 

distribution and connectivity, simultaneously and independently. This is essential to understand 

how the interplay between these parameters affect the strength-ductility synergy of 

heterostructured metals. An associated, but equally important issue, is the ability to produce these 

materials in a reliable and repeatable manner [32]. 

In this chapter, a novel method has been described which overcomes the challenges 

related to microstructural control and reproducibility, and enables the facile synthesis of metallic 

films with multimodal architectures, wherein the average size, volume fraction, spatial distribution 

and connectivity of fine and coarse grains can be explicitly defined. 

4.2 Experimental Method 

Synthesis Method 

SC Si wafers (200 µm thick, 4-inch diameter) were cleaned in piranha solution (3 parts of 

Sulfuric acid and 1 part of 30% Hydrogen Peroxide) to remove organic residues and the wafers 

were dipped in 49% Hydrofluoric acid (HF) for 30 seconds to etch the native silicon dioxide layer. 

The wafers were then transferred to a LPCVD SiNx deposition chamber within 15 minutes to deposit 

a 10-20 nm thick SiNx layer with uniform coverage (±5 Å). The SiNx coated wafers were patterned 

using photolithography and reactive ion etching (RIE). A 1 µm thick photoresist (AZ 3312) layer 

was spin coated at 3000 rpm, soft baked at 105oC for 1 minute and exposed to UV light (intensity 
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of 60 mJ/cm2) through a patterned mask. The photoresist was then developed in AZ 300 MIF 

developer to create multimodal patterns on the photoresist. The photoresist was used as a mask 

to etch the SiNx layer in RIE (50 sccm CHF3, 5 sccm O2, 7.33 Pa pressure, 50 W power) and 

transfer the patterns. Thereafter, the wafer was immersed in a heated photoresist stripper (AZ 

400T) at 100 oC for 15 minutes to cleanly remove the photoresist. After photoresist removal the 

wafer was again immersed in 49% HF solution for 30 seconds to etch the silicon dioxide formed 

due to atmospheric exposure. The HF etch also passivates the surface with hydrogen atoms for 

30-60 mins in atmosphere and prevents oxidation. The wafer was then transferred to a sputtering 

chamber within 5-10 minutes for metal deposition. Metal depositions (Cu and Fe) were performed 

at base pressures below 1.33 x 10-5 Pa, 100 W power and 0.4 Pa Ar pressure using an AJA Orion 

5 sputtering system. 

Microstructural Characterization 

Microstructural characterization of the multimodal films was performed using XRD, TEM 

and EBSD. The texture and quality of film growth was characterized by high resolution XRD 

(Panalytical X’pert Pro). θ-2θ, ω and Ф scans were performed to identify the growth orientation of 

the SC and its epitaxial relationship with the SC Si wafer. TEM characterization was performed 

using a JEOL 2010F transmission electron microscope, whereas EBSD scans were performed in 

a Zeiss Auriga dual beam focused ion beam/scanning electron microscope. TSL OIM Data 

Collection and Analysis software was used to obtain the EBSD maps. 
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4.3 Results and Discussions 

 

Figure 13: Synthesis of metallic films with multimodal microstructures. (a) A thin, amorphous SiNx 

layer (10-20 nm) is deposited on a SC Si wafer using low pressure chemical vapor deposition 

(LPCVD). (b) Photolithography is used to define the desired multimodal microstructural design. (c) 

SiNx layer is etched using reactive ion etching (RIE) to expose the underlying Si substrate at specific 

regions. (d) Photoresist is removed using a photoresist stripper. (e) The wafer is immersed in 49% 

HF solution to etch the silicon dioxide on the wafer surface. Exposure to HF passivates the Si 

surface with hydrogen for 30-60 mins and prevents it from reoxidizing. (f) The patterned wafer is 

transferred to a sputtering chamber within 5-10 minutes to deposit the metallic film with multimodal 

microstructure. 

Fig. 13 shows the schematic of the synthesis method to obtain metallic films with 

multimodal microstructures. The basic idea is to create well defined monocrystalline and 

amorphous (SiNx) regions on a SC Si wafer to grow the metallic films with the desired 

microstructural pattern. During metal deposition on the patterned Si wafer, the film grows via 

Volmer-Weber mechanism in the regions where SiNx is present, resulting is a polycrystalline 

microstructure [56]. In contrast, the film grows epitaxially on the H-terminated Si regions if there is 

good lattice matching, which leads to the formation of SCs. Thus, the resulting metallic film is 
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composed of monocrystalline and polycrystalline regions as defined by the photolithography 

pattern. In this work, Cu and Fe were chose for demonstration since they grow epitaxially on Si(100) 

and Si(111) substrates even at room temperature [57,58]. 

An important criterion to generate heterostructured metals by this method is the presence 

of two types of substrates simultaneously. Out of the two types, one substrate needs to favor the 

epitaxial growth and the other needs to favor polycrystalline growth. Cu and Fe were chosen as the 

ideal candidates for the deposition as they grow epitaxially on Si SC substrates and in 

polycrystalline fashion on a polycrystalline/amorphous substrate. Both Cu and Fe were deposited 

on the patterned substrates containing SiNx and Si regions. The microstructural characterization of 

each metal is shown below. 

Cu grows epitaxially on hydrogen-terminated Si (100) substrate by evaporation [59], 

sputtering [57] and electrodeposition [60]. It grows through nucleation of epitaxial islands followed 

by their growth and coalescence [61]. Interestingly, Cu can also be grown epitaxially on Si (100) 

with intact native oxide layer using HiPIMS process [62]. On an amorphous substrate like SiNx, Cu 

grows as a polycrystalline film minimizing the surface energy and interfacial energy. The epitaxy of 

Cu film and its quality were examined through XRD followed by the characterization of 

heterostructured Cu film by TEM and EBSD as shown below. 

 

Figure 14: (a) θ-2θ XRD scan of epitaxially grown 1 μm thick Cu film on Si(100) substrate. (b) 𝜙 

scan showing Cu(111) and Si(111) reflections while rotating the wafer about [100] axis. Note that 

the Intensity is in logarithmic scale. (c) Rocking curve (ω scan) of Cu(200) peak. 
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Fig. 14a-c shows the XRD characterization of a Cu film that was grown epitaxially on a 

Si(100) wafer. The θ-2θ scan (Fig. 14a) shows high intensity peaks at 50.51o, 69.10o and 117.03o 

which correspond to Cu(200), Si(400) and Cu(400) planes, respectively. No other peaks are 

present, which indicates a strong (100) out-of-plane texture for the Cu film. To ensure that the Cu 

film was grew epitaxially and not just a highly textured polycrystal, a 𝜙 scan was performed. Fig. 

14b shows Si(111) and Cu(111) reflections obtained by rotating the Si wafer about the [001] axis. 

Four peaks, each 90o apart, are observed for Cu and Si due to the four-fold symmetry about [001] 

that results in the reflection of the four (111) planes. However, Si peaks are separated by 45o from 

Cu peaks which indicates that the Cu(100) plane is rotated by 45o with respect to the Si(100) plane. 

Therefore, the epitaxial relationship is (100)Cu II (100)Si and [100]Cu II [110]Si. The 45o rotation occurs 

to reduce the lattice mismatch from 33% to 6%, [57] as explained in Fig. 17. In addition, a ω scan 

was performed to determine the quality of epitaxial growth. The rocking curve of Cu(200) peak 

obtained from ω scan (Fig. 14c) revealed a relatively small FWHM of 0.8o, which confirms that the 

epitaxial growth was of high quality. For reference, the FWHM value of the Si(400) peak from the 

nearly perfect SC Si wafer was 0.2o. 

 

Figure 15: (a, b) Bright field TEM image of Cu film with bimodal microstructure at lower and higher 

magnifications. SADP of the polycrystalline and epitaxial region is shown as inset in (a) and (b). 
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After confirming that Cu grew epitaxially on Si(001), the microstructure of a 250 nm thick 

Cu film with bimodal microstructure (Fig. 15a-b) was directly imaged using TEM. The TEM analysis 

showed that the polycrystalline region was composed of grains ranging from 80 – 380 nm in size 

(mean diameter, dm = 220 nm). Several twins were observed in these grains and the selected area 

diffraction pattern (SADP) showed a random in-plane texture. In contrast, a SADP taken along 

[100] zone axis revealed a SC -like diffraction pattern in the region where Cu grew epitaxially. 

 

Figure 16: EBSD maps of a 250 nm thick bimodal Cu film along out-of-plane direction (a) and along 

two mutually perpendicular in-plane directions (b, c). The color-coded orientation for the EBSD 

maps in (a-c) is shown in the standard triangle (right, lower panel) along with a schematic that 

shows a Si (100) wafer represented with the directions and pattern shown on it. 

The epitaxially grown Cu was monocrystalline was also confirmed using EBSD. Fig. 16 

show the orientation of a Cu film with bimodal microstructure along three mutually perpendicular 

directions. The epitaxially grown Cu islands have a single orientation along all three directions 
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([100], [010], [001]). The polycrystalline region shows a (111) out-of-plane orientation, which is the 

preferred growth texture for Cu, whereas the in-plane orientations are random.  

 

Figure 17: Schematics of the plan view of (a) top layer of Si (100) (b) top layer of Cu (100) (c) Cu 

(001) layer rotated by 45o along [001] (d) Cu atoms with respect to the Si atoms after epitaxy is 

formed. Si atoms are represented in grey and Cu in orange. 

Figs. 17a-d shows a schematic of the arrangement of Cu and Si atoms. Fig. 17a and 17b 

corresponds to a plan view of Si (001) plane and Cu (001) respectively. Si has a diamond cubic 

structure and Cu has FCC structure. The interatomic distance between Si atoms along [110] is 3.84 

Å, while along [100] is 5.43 Å. For Cu, the interatomic distance atoms along [110] is 2.54 Å and 

along [100] is 3.60 Å. If [100] and [110] of Cu and Si are matched, the lattice mismatch exceeds 

33% which is not suitable for epitaxial growth. To reduce the lattice mismatch and thus the 

interfacial strain energy, it is highly favorable for Cu (001) to rotate by 45o for epitaxial growth. This 

is shown experimentally through XRD and EBSD techniques. Fig. 17c shows Cu (001) plane 

rotated by 45o along [001] such that [110]Si ll [100]Cu and [100]Si ll [110]Cu. Fig. 17d shows that the 

Cu atoms are stretched to maintain epitaxy introducing tension in Cu layer. 

To demonstrate the generality of this method, Fe films with multimodal architectures were 

also synthesized on Si(111) wafers since Fe grows epitaxially on H-passivated Si(111) substrates 

[58,63]. In addition, Fe films should show a smaller grain size in the polycrystalline regions since it 
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has a higher melting temperature and, consequently, lower atomic mobility at RT. As a result, there 

would be a greater contrast in grain size between the polycrystalline regions and the SC domains. 

Fig. 18a shows a high resolution θ-2θ scan of an epitaxially grown Fe film with distinct peaks at 

28.45o, 94.93o, 137.24o that correspond to Si(111), Si(333) and Fe(222) planes, respectively. As in 

the case of Cu, a 𝜙 scan was performed to ensure that Fe film was a SC and not a highly textured 

polycrystal. The 𝜙 scan (Fig. 18b) for Si(220) and Fe(220) reflections, obtained by rotating the Si 

wafer about the [111] axis, showed three high intensity peaks corresponding to the three (110) 

planes at 35.26o to [111].  

 

Figure 18: (a) θ-2θ XRD scan of a 1.56 μm thick epitaxially grown Fe film on Si(111) substrate. (b) 

𝜙 scan showing Si(220) and Fe(220) reflections as the sample is rotated about [111] axis. Note 

that the Intensity is in logarithmic scale. (c) Rocking curve of Fe(222) peak. 

In addition, the Fe film also showed three peaks of much lower intensity 60o apart from 

high intensity Fe peaks and in alignment with the Si(220) peaks, which indicates the presence of 

another Fe(111) variant. These high and low intensity peaks correspond to the twinned and aligned 

epitaxy of Fe on Si(111) substrates[63], as explained in Fig. 21.  The aligned epitaxy corresponds 

to [110]Si ll [110]Fe whereas twinned epitaxy corresponds to [110]Si ll [110]Fe. Nevertheless, the 

substantially larger intensity of the peaks corresponding to the twinned variant indicates that it is 

the dominant variant. Moreover, the relative intensity of the aligned variant sharply decreased with 

increasing film thickness as shown in Fig. 19, which indicates that its growth is suppressed beyond 
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a few tens of nanometers. More importantly, the (111) rocking curve for the Fe film (Fig. 18c) 

showed a FWHM of just 0.43o, which attests to the high quality of the Fe SC. In fact, given the 

instrumental broadening (~0.2o) the actual FHWM value is considerably smaller. 

 

Figure 19:  𝜙 scans of 25 nm, 200 nm and 1.56 μm thick Fe films showing Fe(220)  reflections while 

rotating the sample about the [111] axis. The higher intensity peaks correspond to twinned epitaxy 

of Fe(111) on Si(111). Note that the Intensity is in logarithmic scale. 
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Figure 20: (a, b) Bright field TEM micrographs of a 175 nm thick Fe film with bimodal microstructure 

at lower and higher magnifications. SADP of the monocrystalline and polycrystalline region is 

shown as inset in (a) and (b).  

The TEM micrographs (Figs. 20a-b) of a 175 nm thick , freestanding Fe film with bimodal 

microstructure revealed extremely fine grains ranging from 10 nm – 60 nm (dm ~ 23 nm) in the 

polycrystalline region. The SADP from the polycrystalline region showed a random in-plane 

orientation of the grains and no preferred texture. On the other hand, SADP taken from the epitaxial 

region along the [111] zone axis showed a SC-like diffraction pattern. Bend contours were observed 

in the epitaxial region due to the buckling of the freestanding film. 
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Figure 21: (a-f) EBSD maps of a 175 nm thick Fe film along out-of-plane direction (a) and along 

two mutually perpendicular in-plane directions (b, c). The film is composed of three distinct regions 

– the SC matrix, the NC rings and monocrystalline circular regions enclosed by the rings. (d-f) 

EBSD maps of a 175 nm thick Fe film with a NC matrix punctuated by monocrystalline ring 

structures. The color-coded orientation for the EBSD maps in (a-f) is shown in the standard triangle 

along with a schematic that shows a Si (111) wafer represented with the directions and pattern 

shown on it.  

Fig. 21 shows EBSD maps of two different Fe films with contrasting architectures. The first film 

(Figs. 21a-c) has a monocrystalline matrix embedded with NC ring patterns. This architecture is 

defined by three distinct length scales (L) - the monocrystalline matrix (L > 10 µm), NC ring patterns 

(L = dm ~ 23 nm) and monocrystalline circular regions (L = diameter = 3.6 µm) enclosed by the NC 
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ring patterns. Note that the grain size in the NC region of the Fe films is below the resolution limit 

of EBSD, and hence the orientation information obtained in this region is not fully reliable. The 

second Fe film (Figs. 21d-f) is composed of a NC matrix embedded with hexagonally shaped rings, 

essentially mirroring the architecture of the first film. This capability to precisely define not just the 

volume fraction of coarse and fine domains but also the overall architecture is a unique aspect of 

this method, which is essential to experimentally validate microstructural designs to optimize the 

mechanical and physical properties of heterostructured metals. 

 

Figure 22: Schematics of (a) Si(111) plane. The possible locations of Si atoms in (111) planes (A, 

B, C) are shown. (b) Fe(111) plane. (c) Aligned epitaxy of Fe(111) on Si(111), which preserves the 

ABCABC stacking order. (d) Twinned epitaxy of Fe(111) on Si(111), which leads to ABCBAC 

stacking. 

Fig. 22 shows plan view of atomic models of Fe (111), Si (111) and Fe (111) ll Si (111) epitaxy. 

Si is a double atom motif with (0, 0, 0) and (1/4, 1/4, 1/4) arranged in an FCC lattice. The basic 

building block in Si is a tetrahedron where each Si atom is bonded to four neighboring Si atoms. 

When cleaved along (111) plane, each atom on this plane has a single dangling bond which binds 

with hydrogen on exposure to HF. The interatomic distance in Fe and Si along [110] is 4.04Å and 

3.84 Å respectively. Therefore, to minimize misfit strain energy, atoms in Fe (111) are compressed 

along [110] to maintain epitaxy. Similarly, the interatomic distance in Fe and Si along [112] is 6.99 
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Å and 6.65 Å, respectively. Thus, a misfit strain of ~5% along [110] and [112] is observed in epitaxial 

Fe films. 

4.4 Conclusions 

In this chapter, a novel method is described that showed a pathway for the rational design 

of heterostructured materials. This method utilized two different modes of film growth. First, the 

growth of epitaxial film on an epitaxial substrate and second, the growth of polycrystalline film on 

polycrystalline/amorphous substrate. Using this method, heterostructured Cu and Fe films were 

synthesized directly on Si substrates by magnetron sputtering. The microstructural characterization 

was performed using XRD, TEM and EBSD. It was clearly demonstrated that the microstructural 

architectures could be precisely controlled by this method.  
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CHAPTER 5 

SYNTHESIS OF HETEROSTRUCTURED METALLIC FILMS USING A BUFFER LAYER ON Si 
SUBSTRATES 

5.1 Introduction 

The method discussed in chapter 4 can be utilized for creating heterostructured films of 

metals (e.g., Cu, Fe, Ag) which grow epitaxially on single crystal Si substrates. However, the 

method cannot be used for metals which do not grow epitaxially (e.g., Ni, Cr, Ti) on Si substrates. 

In this chapter, it is shown that by introducing a buffer layer it is possible to grow heterostructured 

films of metals such as Ni and Cr. 

The epitaxial growth of a film on a substrate depends on the crystal symmetry and the 

lattice mismatch between the film and substrate. Typically, a mismatch strain of 10% or lower is 

needed for a film to grow epitaxially. When the lattice mismatch is high, buffer layers can be used 

to reduce the interfacial strain energy and promote epitaxial growth. For example, epitaxial layers 

of GaN cannot be grown directly on sapphire substrate using MOCVD method due to a high lattice 

mismatch of 15%. By introducing a AlN buffer layer, which leads to a reduction of lattice mismatch 

strain to 2.5%, it is possible to grow epitaxial GaN layers [64]. Thin rutile (TiO2) films are another 

commonly used buffer layer to grow epitaxial multifunctional oxides like (111)-oriented SrTiO3, 

SrCaTiO3 on GaN substrate by RF-plasma-assisted oxide molecular beam epitaxy [65]. A range of 

buffer layers, like Al2O3, Si3N4, AlN, SiC, GaN have used to overcome this difficulty [66–68]. ZnO 

film has a lattice mismatch of 18% with sapphire substrate due to which the quality of crystallinity 

is quite poor, and the film has high dislocation density. Various buffer layers like GaN, MgO, ZnS, 

and SiC have been successfully used to grow epitaxial ZnO layers [69–72]. Apart from oxide films, 

buffer layers also been utilized in the growth of epitaxial metallic films. Since silver shows low 

reactivity with other metals and grows epitaxially on Si (100), Si (110) and Si (111), it is quite 

commonly used to grow metallic films epitaxially which do not do so otherwise. Depending on the 
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substrate orientation and lattice mismatch, elements like Fe, V, Cu, Ti, Ni, Co can grow epitaxially 

on Ag buffer layer [73]. 

5.2 Experimental Method 

The substrate preparation method for heterostructured Cr and Ni films is similar to the 

substrate preparation method for heterostructured Cu and Fe films. The wafer is patterned and 

then exposed to HF to avoid regrowth of native oxide layer. After exposure to HF solution, the wafer 

is immediately transferred to the sputtering chamber. First, a 20 nm buffer layer of Fe or Ag is 

deposited followed by Cr or Ni deposition on top. The sputter rate of each metal was calibrated 

using crystal thickness monitor prior to deposition. All metals (Fe, Cr, Ag, Ni) were deposited at 100 

W and 0.4 Pa Ar pressure while rotating the substrate. The base pressure of the chamber before 

deposition was 6.66 x 10-6 Pa. 

 The microstructural characterization of the films was performed using XRD and EBSD. Cr 

epitaxial film was characterized by high resolution XRD (Panalytical X’pert Pro). θ-2θ, ω and Ф 

scans were performed to identify the growth orientation of the SC and its epitaxial relationship with 

the SC Si wafer. Heterostructured films were characterized using EBSD in a Zeiss Auriga dual 

beam focused ion beam/scanning electron microscope. TSL OIM Data Collection and Analysis 

software was used to obtain the EBSD maps. 

5.3 Results and Discussions 

In this section, the synthesis and microstructural characterization of heterostructured Cr 

and Ni films are discussed. 

Cr on Fe/Si (111) substrate 

The epitaxial growth of Cr was evaluated by three different kinds of XRD scans:  θ-2θ scan, 

ω-scan and Ф-scan, as shown in Fig. 23. θ-2θ scan helps to identify the out of plane orientation of 
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the Cr film. In the case of an epitaxial film, only a single (111) Cr peak was observed along with Si 

peaks. This suggests the presence of a (111) texture. To investigate the in-plane orientation of Cr, 

Ф-scan of the film and the substrate was performed. The scan was done such that the (110) planes 

reflected while the sample was rotated about (111) axis. The three major and minor peaks 

correspond to (110) planes. Majority of the film showed an aligned epitaxy with Si whereas a small 

fraction showed twinned epitaxy. From XRD scans, Cr is observed to grow epitaxially on Fe with a 

cube-on-cube orientation relationship – Cr (111) ll Fe (111) and Cr [110] ll Fe [110]. 

 

Figure 23: (a) θ-2θ scan of 200 nm epitaxial Cr grown on 20 nm Fe/Si substrate (b) 𝜙 scan of Si 

(220) (above) and Fe (220) (below) reflections while rotating the sample about [111] axis (c) ω-

scan of Cr (111) peak 

The heterostructured Cr film was characterized using EBSD which looked very similar to 

Fe as they grow with cube-on-cube orientation relationship. Fig. 24 shows a EBSD scan of a 

heterostructured Cr film with a nested structure. SC Cr forms a continuous global matrix which are 

embedded with isolated NC Cr ring patterns. These NC ring patterns serve as a local matrix for 

µm-sized circular SC Cr regions. As evident from the EBSD scans, the orientation of the SC Cr is 

the same in both the global matrix as well as the smaller circular regions, whereas NC domains 

showed no preferred orientation.  
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Figure 24: EBSD micrographs of a heterostructured Cr film deposited on a patterned Si/Fe 

substrate (a) along A3, (b) along A2 and (c) along A1. Schematic shows a Si (111) wafer 

represented with the directions shown on it. Color representation for each orientation is shown in 

the standard triangle. 

Ni on Ag/Si (001) substrate 

 Typically, when buffer layers are used to grow epitaxial films, film deposition must be 

performed without breaking vacuum. Otherwise, an oxide layer is likely to grow on the buffer layer, 

which would disrupt epitaxial growth. However, if Ag is used as a buffer layer it can potentially be 

exposed to the atmosphere since it does not readily form a native oxide layer. To test whether this 

approach will work, the heterostructured Ni films with Ag buffer layers using a modified method was 

investigated, as shown in Fig. 25. In this modified method, Ag is directly deposited on Si and 

patterned for the deposition of the heterostructured Ni film, i.e., no SiNx layer is used. This approach 

is advantageous because Ag has poor adhesion to SiNx and the residual stress in the Ni film 



 

40 

 

promotes delamination of the Ag buffer layer from the Si substrate, which would be detrimental to 

fabricating freestanding heterostructured Ni films for tensile testing using MEMS devices.  

 

Figure 25: Schematic representation of each step involved in the synthesis of heterostructured Ni 

film through microfabrication processes. 

In this modified method, 20 nm Ag layer was first deposited at 150oC on a Si (001) wafer 

that was exposed to HF for 30s to etch native oxide and avoid its regrowth. Then, 1 µm photoresist 

was spin coated and soft baked for 1 minute at 105oC on the Si/Ag wafer. The photoresist was 

exposed to UV radiation through a photomask, containing various patterns, at 35 mJ/cm2. This was 

then followed by development of the exposed photoresist in AZ 300 MIF solution for 1 minute, 

followed by hard baking at 120oC for 3 minutes. The hard bake helps evaporate excess solvent in 

the photoresist, which prevents the photoresist from hardening during the dry etch process. The 
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exposed silver was then sputter etched in the PT 790 tool at 50W for 10 minutes using Ar ions. 

Once silver is etched, photoresist was stripped off by ultrasonicating it in acetone for 5 minutes. 

The wafer was dipped in isopropanol alcohol (IPA) immediately after ultrasonication to avoid 

acetone residue on the wafer. Finally, the wafer was dried using nitrogen and then transferred to 

the sputtering chamber. Before Ni deposition, the surface of Ag was sputtered off to remove any 

oxide layer or residue. The wafer was then heated up to 150oC at which Ni deposition was 

performed. 

 

Figure 26: EBSD micrographs of a heterostructured Ni film deposited on a patterned Ag/Si 

substrate (a) along A3, (b) along A2 and (c) along A1. The microstructure contains a parallel 

arrangement of NC and epitaxial regions. Schematic shows a Si (001) wafer represented with the 

directions shown on it. Color representation for each orientation is shown in the standard triangle. 
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Figure 27: EBSD micrographs of a heterostructured Ni film deposited on a patterned Ag/Si 

substrate (a) along A3, (b) along A2 and (c) along A1. The microstructure contains NC domains 

within an epitaxial matrix. Schematic shows a Si (001) wafer represented with the directions shown 

on it. Color representation for each orientation is shown in the standard triangle. 

After the film deposition, the microstructural characterization was performed using EBSD 

as shown in Fig. 26 and Fig. 27. Two different architectures are shown here: one with a parallel 

architecture and the other with a SC matrix and isolated NC domains. Ni grew epitaxially on Ag 

with a (001) out-of-plane orientation while it grew in a polycrystalline fashion on SiO2. The observed 

epitaxial relationship between Ag and Ni is (100)Ni ll (100)Ag and [110]Ni ll [110]Ag. 
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5.4 Conclusions 

In this chapter, a different approach to synthesize heterostructured metallic films with 

precisely defined architectures was described. Here, a buffer layer was used for the growth of SC 

films that cannot be grown epitaxially on Si directly. This was demonstrated for two such systems 

– Cr and Ni – using Fe and Ag buffer layers. In addition, for Ag buffer layer, an alternate fabrication 

method was described, which circumvents the problems associated with the poor adhesion 

between Ag and SiNx/SiO2. This alternate approach is useful to fabricate freestanding 

heterostructured metals films for tensile testing using MEMS devices. 
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CHAPTER 6 

FABRICATION OF MEMS TENSILE STAGE FOR TESTING FREESTANDING 
HETEROSTRUCTURED METALLIC FILMS 

6.1 Introduction 

In the previous two chapters, different methods to synthesize various heterostructured 

metallic films (Cu, Cr, Fe and Ni) were described. In this chapter, the fabrication of MEMS tensile 

testing stages for the mechanical testing of heterostructured Fe films is described. This method can 

be easily adapted to other metallic films as well. The fabrication of MEMS tensile testing stage with 

freestanding heterostructured Fe films involved basic microfabrication methods like 

photolithography, metal etch, Si deep etching, photoresist removal. The section 6.2 discusses the 

challenges encountered during the fabrication process and how they were resolved. The section 

6.3 discusses the step-by-step description of the processes involved in the fabrication is described 

using schematics. 

6.2 Challenges Addressed During MEMS Stage Fabrication 

 The first observation after Fe deposition was the presence of high residual stresses. When 

1.56 μm thick films were deposited on 200 μm thick Si substrate, the wafers visually showed large 

curvature. These intrinsic residual stresses are generally observed in as-deposited films at room 

temperature [74–76]. They are divided in two different categories: type I (low mobility materials like 

Cr, Ni) and type II (relatively high mobility materials like Ag, Cu, Au, Al). In type I materials, high 

tensile stresses are induced due to the island coalescence. During coalescence, nearby islands 

deform elastically to reduce the surface energy of the islands by the formation of a grain boundary 

between the islands. The tensile stresses is inversely dependent on the grain size and could reach 

several GPa when the grain size is smaller than 10 nm [77]. In type II materials, the tensile stresses 

are low when islands coalesce compared to type I materials. Due to higher atomic mobility of these 
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materials, surface diffusion and grain boundary diffusion tend to densify the grain boundaries 

lowering the tensile stresses in these films. 

 When type I materials are sputter deposited, the tensile stress increases with the 

increasing thickness. Similar effect was observed in 1.56 μm thick Fe film deposited by the visual 

appearance of concave curvature of the substrate after deposition. The presence of high tensile 

stresses in Fe was not suitable for the fabrication of MEMS tensile testing stage. It posed problems 

during two microfabrication steps – photolithography and deep Si etching. Due to the curvature of 

wafer, it was difficult to properly align the wafer to the mask. A small misalignment of 4-5 μm caused 

misalignment of the patterned microstructure on the freestanding film which was not desirable as it 

affected the mechanical properties of the film. Another challenge with having high tensile residual 

stress was observed during deep Si etching. This step involves etching of Si from the bottom to the 

top leaving behind a freestanding Fe film which is exposed to the atmosphere from the backside. 

The high tensile stress in the freestanding film gets relieved by deforming the alignment and force-

sensing beams. However, when the beams are too stiff, they do not allow the film to relieve stress 

by deforming the beams. In such cases, if the stress reaches fracture strength, the film tends to 

fracture. In addition, the tensile stresses promote oxidation, which can drastically alter the  

mechanical behavior of the films. Therefore, there was a need to eliminate residual stress in the 

films generated during deposition to successfully fabricate MEMS tensile testing stage. 
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Figure 28: Variation of residual stress with (left) Ar pressure with substrate kept at zero potential 

(right) bias voltage between -15 V and -165 V with constant deposition pressure at 0.266 Pa [78].  

 The residual stress strongly depends on the substrate temperature, pressure of the 

sputtering gas and the application of reverse bias to the substrate during deposition as shown in 

Fig. 28 [79,80]. The depositions could not be performed at high temperatures since it would cause 

grain growth in the NC domains. Varying the sputtering gas pressure and applying bias seemed 

like the viable possibilities. Fig. 28 shows the change in residual stress with Ar pressure and reverse 

bias voltage applied to the substrate for Ni [78]. It can be observed from the graphs that lower Ar 

pressure and higher bias helps to reduce the tensile stress. After a few iterations, the deposition 

parameter for Fe films were optimized to ensure lower residual stress. The parameters used were 

100 W power, 0.13 Pa Ar pressure and -120 V bias. Using these deposition parameters helped 

reduce the curvature of the substrate after Fe film deposition and eliminated the misalignment 

problem during photolithography. Furthermore, the Fe film did not fracture or oxidize after being 

released from the substrate. To ensure that the Fe film did not oxidize even during long-term 

atmospheric exposure, a 15 nm Al passivation layer was deposited on the top and bottom of the 

film. 

 Once the problem of residual stress was addressed, metal etch posed its own challenges. 

During fabrication, a clean etch was of utmost importance to pattern the Fe film. Fe cannot be dry 

etched using Cl chemistry since Iron chloride is not volatile at room temperature. Fe reacts with 

chlorine plasma and leaves a residue on the surface that prevents further etching. Therefore, it had 

to be etched using a wet etch method. Several chemicals like dilute HCl, dilute HNO3 etc. can be 

used to etch Fe. Generally, the less diluted acids etch much faster but leads to undercutting of the 

samples and photoresist damage. On the contrary, highly diluted acids etch at much slower rates 

and could consume hours to etch a thick film. Therefore, to optimize the dilution and the etch rate, 

many samples of similar thicknesses were patterned and etched with various dilutions. Fe was 

observed to etch cleanly in a highly diluted nitric acid 1:100 (HNO3:H2O) with an etch rate of 50 
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nm/min. Undercutting was avoided by continuous stirring of the solution during etching. Clean and 

macroscopically smooth edges of the samples were obtained. The etch rate of SC and NC domains 

was different, as expected. Therefore, all the samples were patterned such that their edges 

consisted only of NC domains. 

In addition to overcoming the challenges involving residual stresses and etching, the 

MEMS stage itself had to be redesigned to enable the testing of the thick Fe films. During a tensile 

test, the force on the sample is measured by multiplying the stiffness of the force-sensing beams 

by their displacement. If the stiffness of the beams is too high, their displacement will be quite low, 

which would worsen the force resolution. On the other hand, if the beam stiffness is small, the 

displacements will be large, which will lead to a non-linear force-displacement response. Moreover, 

a large displacement of the force-sensing beams will also necessitate a large displacement of the 

alignment beams, which will lead to excessive bending of the support structure. In such a case, the 

stiffness of the force-sensing beams will continuously vary with its displacement, which will make it 

significantly more complicated to estimate the force on the sample. To avoid these complications, 

the beam thicknesses were optimized to obtain good force resolution while avoiding non-linearities. 

The optimal stiffness of the force-sensing beams was estimated by taking into account the stiffness 

of the sample during elastic deformation and its yield stress. The elastic stiffness and yield strength 

of 1.56 μm thick Fe film (with 375 μm gauge length and 80 μm width) was around 60 KN/m and 

1400 MPa, respectively. For these values, a maximum displacement of 12-14 μm for the force-

sending beams avoided non-linearities and provided adequate force resolution. The stiffness 

corresponding to these parameters was calculated to be ~15 KN/m, which was obtained by 

changing the length and thickness of the force-sensing beams appropriately. 

6.3 Fabrication of MEMS Tensile Testing Stage 

Once the heterostructured metallic film was deposited on the wafer using the method, 

described in chapter 4, the wafer was taken through a series of processes for MEMS stage 
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fabrication. A step-by-step procedure to fabricate the MEMS tensile testing stage with the 

freestanding heterostructured Fe film is described below: 

1) The first step was to perform photolithography on the wafer with the heterostructured Fe 

films using a photomask with MEMS device pattern. 1 µm thick photoresist (AZ 3312) was 

spin coated on the top and 8 µm thick photoresist (AZ 4620) was spin coated on the bottom, 

at 3500 rpm and 2000 rpm, respectively, using spinner as shown in Fig. 29. The photoresist 

was then soft baked at 105oC for 1 min (AZ 3312) and 8 min (AZ 4620), respectively.  

 

Figure 29: (a) A heterostructured Fe film deposited on a wafer by magnetron sputtering. (b) 

The wafer was spin coated with photoresist on the front and backside. 

2) Later, the wafer was taken through UV radiation exposure (EVG 620) and photoresist 

development. For this, the markers on the front side of the wafer with 1 µm thick photoresist 

was aligned with the markers of the frontside mask. Once the alignment was performed 

carefully, the photoresist was exposed to a radiation of 50 mJ/cm2 and only the alignment 

markers were developed in developer (AZ 300 MIF) for 1 minute. Next, the backside of the 

wafer with 8 µm thick photoresist was aligned to the frontside alignment markers. The 

photoresist was then exposed to a radiation at 500 mJ/cm2. The major difference between 

a frontside mask and backside mask was the presence of a dog-bone shaped sample in 

the fronside mask. After exposure, first the 8 µm thick photoresist was developed for 8 

minutes followed by the development of 1 µm thick photoresist for 1 minute as shown in 

Fig. 30a. The device patterns were then transferred from photoresist layer to metal layer 

Silicon substrate

(a) Photoresist(b)
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by etching Fe using a dilute nitric acid etchant as shown in Fig. 30b. While etching, the 

patterned photoresist masked other regions from being etched. 

 

Figure 30: (a) Photoresist patterned on the front and backside by exposure to UV light followed by 

photoresist development. (b) The pattern is transferred to metal layer by etching Fe using dilute 

nitric acid. 

3) Finally, 200 µm Si was etched from the bottom to the top using a deep Si etcher (STS 

ASE). This etch was anisotropic in nature that helped in maintaining the dimensions of 

each structure within the device. Once the heterostructured Fe films were free of Si and 

the devices were clean, they were detached from the wafer and placed in oxygen plasma 

(Asher) to remove the photoresist from the front and backside of the devices as shown in 

Fig. 31. 

 

Figure 31: (a) Anisotropic etching of Si using Si deep etcher from the back all the way to the top. 

(b) Photoresist removal from the top and bottom. 

The MEMS stage along with a freestanding sample obtained from the fabrication is shown 

in Fig. 32. It contains a pinhole at each end. One end is fixed, and the other is pulled by a piezo 

actuator at a specific displacement rate to achieve the desired strain rate on the sample. The U-
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beams and alignment beams in the MEMS stage ensure the sample is uniaxially loaded. The 

gauges G1 and G2 are connected to the ends of the sample and therefore the change in the gap 

between them provides a direct measure of sample elongation (and strain) during the tensile test. 

The relative displacement of G2 with respect to G3 gives the deflection of the force sensing beams, 

from which the force (and stress) on the sample can be calculated. A high-resolution CMOS camera 

was used to capture images of the gauges during sample deformation, and the movement of 

gauges were tracked using an image correlation MATLAB code to obtain the stress-strain curves. 

 

Figure 32: Optical image of a MEMS tensile testing stage with a co-fabricated, freestanding metal 

sample with a bimodal microstructure. The sample and gauges (G1, G2 and G3) are shown at 

higher magnification in the bottom figure. An enlarged view of a part of the sample is shown in the 

inset. The darker regions in the inset are SCs whereas the lighter regions are polycrystals. 
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6.4 Conclusions  

This chapter discusses the fabrication of MEMS tensile testing stage with the freestanding 

heterostructured Fe film. First, the challenges related to the fabrication of MEMS stage with Fe 

films, which included residual stress development during deposition, etching of Fe film by wet 

etching and the design of photomask to test thicker films, were described. Residual stress was 

relieved by lowering the Ar deposition pressure and applying a substrate bias. A wet etchant with 

optimized dilution was prepared to produce samples with smooth and uniform edges. The 

dimensions of the force-sensing beams were optimized to obtain adequate force resolution while 

avoiding non-linearities. The step-by-step process involved in the fabrication of MEMS stage was 

described. Finally, different architectural designs are illustrated that were mechanically tested 

(shown in the next chapter). 
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CHAPTER 7 

MECHANICAL CHARACTERIZATION OF HETEROSTRUCTURED Fe FILMS 

7.1 Introduction 

Metals and metallic alloys used in structural applications typically need to possess a 

combination of good strength and ductility/toughness. One of the well-known methods to increase 

strength is via grain size refinement, as exemplified by the Hall-Petch relationship [81,82]. This 

strategy of grain size refinement culminated in the production of metals and alloys with UFG and 

NC microstructures. Severe plastic deformation techniques such as high-pressure torsion, equal 

channel angular processing is widely used to generate bulk-scale UFG and NC samples, whereas 

physical vapor deposition and electrodeposition are more commonly used for synthesizing UFG 

and NC thin films and coatings. These UFG/NC metals exhibit an order of magnitude increase in 

strength compared to their CG counterparts and exhibit a multiplicity of deformation mechanisms 

including generation and propagation of full and partial dislocations slip, deformation twinning and 

grain boundary sliding [1,2,83]. However, this increase in strength comes at the expense of ductility, 

a phenomenon often referred to as the “strength-ductility trade-off”. 

The lower ductility observed in NC metals primarily arises from a lack of strain hardening ability 

[84,85], which leads to strain localization and early failure. When these materials are deformed, 

dislocations typically nucleate at a grain boundary and, because the grain size is very small, they 

travel across the grain and get annihilated at the opposite grain boundary before they can interact 

with other dislocations. Therefore, there is no accumulation of dislocations or formation of 

permanent dislocation networks within the grains, which prevents the hardening required to sustain 

uniform plastic deformation [6,7]. Hence, there is a concerted effort to develop strategies to improve 

the ductility and toughness of NC metals while retaining their strength. 

One strategy that was proven particularly successful is the development of heterostructured 

metals and metallic alloys [9,86]. These materials, often referred to as heterostructured materials, 
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are comprised of domains/grains that have length scales varying from a few nanometers to tens of 

micrometers. In these materials, the larger grains are plastically soft but enable accumulation and 

storage of dislocations that leads to macroscopic strain hardening. The smaller grains, in contrast, 

primarily increase the strength. While the overall strength of heterostructured materials is smaller 

than that of NC materials, their substantially higher ductility and toughness make them more 

suitable for structural applications compared to NC materials [11,50]. It should also be noted that 

due to synergistic effects, the strength of heterostructured metals is notably larger than what is 

predicted from a simple rule-of-mixtures analysis [87].  

Over the last two decades, various processing methods were developed to produce 

heterostructured materials, which include thermomechanical processing, surface mechanical 

attrition/grinding treatment (SMAT/SMGT) and consolidation of powders with widely varying grain 

sizes. Wang et al performed cryo-rolling of Cu followed by annealing to enable abnormal grain 

growth through secondary recrystallization [88–90], which resulted in a microstructure with µm-

sized grains embedded in a UFG matrix. Similarly, Wu et al performed asymmetric rolling followed 

by partial recrystallization leading to the formation of micro-grained lamellae within a UFG matrix 

[44]. 

Although the aforementioned methods are all capable of  producing heterostructured metals 

with high strength and good ductility, they also suffer from some limitations. For example, while 

they provide some control over the mean size and volume fraction of fine and coarse grains, they 

provide little or no control over their spatial connectivity or the overall microstructural architecture. 

Furthermore, some of these methods such as thermomechanical processing are sensitive to even 

small changes in the processing conditions, which makes it challenging to produce heterostructured 

metals in a reliable and repeatable manner. As a result, it is difficult to systematically probe the 

relationship between various microstructural parameters and the mechanical properties, which is 

essential to designing heterostructured metals with an optimal combination of strength and 

ductility/toughness.  
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A highly reproducible method is described in chapter 4, that is capable to synthesize metallic 

films with multimodal microstructures wherein the size, volume fraction and spatial connectivity of 

fine and coarse grains as well as the overall architecture can be precisely defined [91]. Here, the 

bimodal Fe films with three distinct architectures (parallel, series and wave-like) using this method 

were synthesized and their deformation behavior under tension was investigated. Furthermore, the 

effects of different microstructural parameters within each architecture were examined. The results 

showed that both the overall architecture as well as the geometry of dislocation slip in the coarse 

grains influenced the mechanical behavior of metallic films with bimodal microstructures. 

7.2 Experimental Method 

Synthesis Method 

The architectural designs were made using the method described in chapter 4 and the tensile 

testing stages with freestanding heterostructured films containing these architectural designs were 

fabricated using the method described in chapter 6. 

Microstructural Characterization 

Microstructural characterization of the films was performed using TEM, XRD, EBSD and SEM. A 

2010F JEOL TEM was used to obtain bright field images and selected area diffraction patterns 

from a 175 nm thin heterostructured Fe film. θ-2θ scan, ω-scan (rocking curve) and φ-scan of 

epitaxial Fe film were performed using a four-circle goniometer enabled Panalytical X’Pert Pro 

using Cu-Kα radiation with 0.25o fixed divergence slits and 5mm incident beam width mask. θ-2θ 

scan was performed in the range of 20o≤θ≤145o with a 0.05o step size and 1o/min scan rate. 

Rocking curves were collected from Fe (111) peak within a range of 3o with a 0.001o step size at 

0.5o/min scan rate. The high resolution EBSD orientation scans were obtained using Zeiss Auriga 

focused ion beam scanning electron microscope (FIB-SEM)equipped with a EBSD detector. The 

step size used to capture the scans was 0.5 µm. The EBSD scan data was analyzed using OIM 
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analysis software. The Zeiss FIB-SEM was used to observe the surface topography of the 

heterostructured film by secondary electron imaging. 

Mechanical Characterization 

Freestanding films were co-fabricated along with MEMS tensile testing stage as described in 

hapter 6. During fabrication, Fe was etched by dilute nitric acid (1 HNO3: 100 H2O) at an etch rate 

of 50 nm/min. No visible roughness or serration was observed on sample edges, possibly due to 

the slow etch rate. Once the film was released from the substrate, a 15 nm Al passivation layer was 

also deposited at the bottom to avoid sample oxidation. The MEMS stage was configured such that 

all the samples were loaded along [112] loading direction of the coarse grains (SC domains). For 

applying uniaxial tension on the freestanding films, one end of the stage was fixed, and the other 

end was pulled at a constant velocity (~100 nm/s) using a piezo actuator. This actuator velocity 

corresponds to an average strain rate of ~10^-4/s on the samples. All the samples were 

monotonically loaded until failure. 

7.3 Results 

The heterostructured Fe films with three distinct bimodal architectures – parallel architecture 

(PA), series architecture (SA) and wave-like architecture (WA) were created – as illustrated in Fig. 

33. All these bimodal architectures are composed of SC domains that grow on top of the bare Si 

regions in the patterned wafer and NC domains that grow on top of the SiNx regions. In the PA and 

SA samples, the loading direction is parallel and perpendicular to the interface between SC and 

NC domains, respectively. In the WA samples, SC and NC domains are arranged in wave-like 

pattern and the interface makes an angle of 45o with respect to the loading direction. Within each 

of these architectures, the widths of the SC (WSC) and NC domains (WNC) were varied while keeping 

the volume fractions of both domains at 50%. For the PA samples, the volume fraction of the SC 

and NC domains were also varied, while keeping WSC constant.  
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Figure 33: Schematic of Fe films with different bimodal architectures that were synthesized and 

tested. The purple color corresponds to SC domains while yellow color corresponds to NC domains. 

WSC and WNC are the widths of the SC and NC domains. 

Table 1 provides the WSC and WNC values for every bimodal Fe sample tested in this study 

according to its designation in Fig. 33. In addition to these bimodal Fe samples, pure SC samples 

and pure NC samples were also synthesized to determine the mechanical properties of the SC and 

NC domains. All the samples tested had a gauge length of 375 µm, nominal width of 80 µm and a 

thickness of 1.56 µm. The edges of all the bimodal Fe samples were composed of NC domains to 

ensure that all the samples were etched in the same manner during patterning. These NC domains 

at the edges (~ 6 µm in width) are also included in calculating the volume fraction of the NC and 

SC domains in the bimodal Fe samples. 

 

 

WNC

WSC

WNC

PA SA WA

PA1 PA2 PA1.2

PA1.2 PA1.3

SA1.1 SA1.2 SA1.3

WA1.2WA1.1 WA1.3PA1.1

WSC

WSC

WNC
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Table 1: List of bimodal Fe samples with their microstructural parameters and mechanical 

properties. 

 

 

 

 

Sample 

Architecture 

WSC 
(µm) 

WNC 
(µm) 

NC volume 
fraction (%) 

Yield strength 
(σy)  

Strain to 
failure (ɛf) 

PA1 

Parallel 

5 24.5 80 1160 MPa 2.64% 

PA2 5 6.8 60 1005 MPa 2.46% 

PA1.1 2.5 2 50 1030 MPa  2.13% 

PA1.2 5 3.4 970 MPa 2.31% 

PA1.3 10 8 895 MPa 2.15% 

SA1.1 

Series 

2.5 2  

 

50 

1060 MPa 1.66% 

SA1.2 5 3.4 1025 MPa 1.58% 

SA1.3 10 8 1060 MPa 1.24% 

SA1.4 15 11.5 1020 MPa 1.06% 

WA1.1 

Wave 

2.5 2  

50 

900 MPa 1.04% 

WA1.2 5 3.4 930 MPa 1.67% 

WA1.3 10 8 960 MPa 1.44% 
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7.3.1 Microstructural Characterization 

A detailed microstructural characterization was performed on the bimodal Fe films. In 

addition, EBSD was used to determine the orientation of the SC domains. Fig. 34 shows EBSD 

maps of bimodal Fe samples with the three different architectures that were investigated in this 

study. The maps are color-coded by the crystal orientation at each location with respect to three 

mutually perpendicular axis (2 in-plane and 1 out-of-plane). As evident from the EBSD maps, the 

SC domains have a [111] orientation along the z-axis (out-of-plane), while their [10] direction is 

aligned with the x-axis and [11] direction with the y-axis (loading direction). There was no indication 

of a second variant within the SC domain since EBSD is a near-surface technique which probes 

only the top 10-15 nm of the film (1.56 µm thick), and the second variant is present only at the 

bottom of the film for a few tens of nanometers. It is also important to point out that the EBSD data 

in the NC domains does not provide any reliable information since the grain size (~25 nm) is well 

below the resolution limit of EBSD. 
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Figure 34: (a-c) EBSD maps of a bimodal PA film sample. The colors correspond to crystal 

orientation (see standard triangle in (f)) with respect to the out-of-plane direction (a) and two in-

plane directions (b and c). (d, e) EBSD maps of a SA sample and WA sample showing their out of-

plane orientation. (f) Schematic of a Si (111) wafer showing [111̅], [11̅0] and [112] directions. An 

image of the MEMS stage is superimposed to show its orientation with respect to the Si wafer. 

In addition to EBSD, TEM was used to characterize the bimodal Fe films. Since electron 

transparency in the TEM is limited to a few hundred nanometers for Fe, a 175 nm thick film for this 

purpose was deposited. Fig. 35 shows a bright field TEM micrograph of the thinner bimodal Fe film 

containing SC and NC domains adjacent to each other. The grain size in the NC domain varied 

between 10 nm to 60 nm, with mean size of ~23 nm. Incidentally, the mean grain size for the 1.56 

µm thick NC Fe film, estimated from the (110) XRD peak using the Scherrer equation, was ~25 nm. 

In other words, there was no significant change in the grain size for NC Fe as the film thickness 

was increased from 175 nm to 1.6 µm. The SADP obtained from the SC domain along the [111] 

zone axis showed a SC -like diffraction pattern, whereas the SADP from the NC domain showed a 

spotted ring-like pattern suggesting that grains are randomly oriented. 

 

Figure 35: Bright field TEM micrograph of a 175 nm thick bimodal PA sample. SADP of the SC and 

NC domain are shown as insets in (a) and (c). 
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7.3.2 Mechanical Behavior of Bimodal Fe Films 

 The mechanical behavior of 12 different bimodal samples with three different architectures 

(5 PA samples, 4 SA samples and 3 WA samples) were examined as mentioned in Table 1. In 

addition, the stress-strain response of pure SC and NC samples was also measured. In the 

following subsections, the results were organized to highlight the effect of different microstructural 

parameters (volume fraction of SC and NC domains, size of the SC domains) as well as the overall 

architecture on the deformation behavior of the bimodal Fe films. 

 

Figure 36: Stress-strain response of (a) pure SC and NC Fe film, and (b) bimodal PA samples with 

different volume fractions of NC domains. 

The stress-strain response of the pure SC (loaded along [112] direction) and NC Fe film is 

shown in Fig. 36a. The Young’s modulus of the SC and NC Fe film was 210 GPa and 170 GPa, 

respectively. The Young’s modulus of the SC film is identical to the modulus of bulk Fe in the [112] 

direction, which attests to the accuracy of the stress-strain measurements. The lower modulus of 

the NC film is due to the large fraction of grain boundaries, which have higher compliance. The SC 

sample yielded around 850 MPa (stress at 0.2% offset strain) and almost immediately failed via 

strain localization. The NC sample on the other hand exhibited a higher yield stress (σy) of 1.35 

GPa and a higher strain to failure (ɛf = 3.4%). The NC sample also showed a gradual elastic-plastic 

transition and very little strain hardening, as is typical of NC metals.  
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Fig. 36b shows the stress-strain behavior of bimodal PA samples having different volume 

fractions of SC and NC domains. The NC volume fraction was varied from 50% - 80% by altering 

WNC (see Table 1) while keeping WSC constant at 5 µm. The data clearly indicates that increasing 

NC volume fraction leads to increasing strength. This is expected because the NC and SC domains 

have to co-deform in the PA samples, and the yield strength of the PA samples is determined by 

both domains. Similar to σy, ɛf was also highest for the PA sample with the highest NC volume 

fraction, which is unsurprising since the NC sample had a significantly higher ɛf than the SC sample. 

It is to be noted that since the grain size in the NC region is much smaller than WNC and WSC is 

constant, the difference in the stress-strain response between the three samples purely reflects the 

effect of NC and SC volume fraction. 

Since the grain size (internal length scale) of the NC domains is much smaller than WNC 

(external length scale) their behavior is solely dictated by the grain size. In contrast, WSC (along 

with the sample thickness) is expected to significantly influence the behavior of the SC domains 

and, consequently, the bimodal samples. To elucidate the influence of WSC, the samples with 

different WSC within each architecture were tested, while keeping the volume fraction of the SC and 

NC domains at 50% each. Fig. 37 shows stress-strain data for PA, SA and WA samples with 

different WSC. The data show contrasting trends that highlight how the interplay between the 

microstructural architecture and the length scale of the SC domains profoundly influence the stress-

strain response. For instance, σy of the PA samples reduced by more than 130 MPa when WSC was 

increased from 2.5 µm to 10 µm. Contrarily, σy increased by 60 MPa for the WA samples for the 

same change in WSC. Interestingly, no clear trend in σy was seen in the SA samples even as WSC 

was increased from 2.5 µm to 15 µm. 
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Figure 37: Stress – strain curves of (a) PA, (b) SA and (c) WA samples with different WSC and equal 

(50%) volume fractions of NC and SC domains. 

Changes in WSC also induced notable differences in ɛf among the samples with different 

architectures. The PA samples exhibited no specific trend in ɛf with regard to WSC, and these 

samples sustained at least 2% strain before failure. For SA samples, ɛf progressively decreased 

with increasing WSC. Notably, ɛf was just over 1% for SA1.4 sample.  In contrast to the SA samples, 

the WA sample with the lowest WSC (2.5 µm) exhibited the smallest ɛf. In fact, this sample also had 

the lowest σy, which is highly counterintuitive since one would expect that the constraints arising 

from a small WSC would strengthen the SC domains. 

 

Figure 38: Stress – strain curves of bimodal samples with different architectures but equal volume 

fractions of SC and NC domains. 
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In Fig. 37, the changes in WSC (length scale of the SC domains) altering the deformation 

behavior of samples within each architecture was described. However, it is also instructive to 

analyze how the deformation behavior varies across different architectures when WSC and the 

volume fractions of the NC and SC domains are kept constant. Such an analysis would help clarify 

the role of microstructural architecture in determining the mechanical behavior of the bimodal Fe 

films. Towards this end, the stress-strain data from the bimodal samples with equal volume 

fractions of NC and SC domains across different architectures were analyzed (Fig. 38). Certain 

distinct trends emerge from this analysis. First, σy of SA samples is closer to that of PA samples for 

small WSC. Second, as WSC increases σy of WA samples becomes closer to that of the SA samples. 

Third, PA samples have the highest ɛf for all values of WSC. Finally, the WA samples exhibited a 

greater tendency for strain localization (softening in the stress-strain response), irrespective of WSC.  

7.3.3 Deformation behavior and fracture of heterostructured films 

To gain insights into the deformation mechanisms of the bimodal Fe films, the 

microstructure (Fig. 39) and fracture surface (Fig. 40) of samples from each architecture using SEM 

was imaged. The SEM observations clarified two key aspects of deformation in the SC domains. 

First, only two major slip traces were seen in all architectures. BCC metals can exhibit dislocation 

glide on multiple slip planes, viz., (110), (112) and (123). However, the presence of only two slip 

traces at 60o and 120o to the loading axis in the SC domains strongly indicates that dislocation 

activity was confined to {110} family of slip planes (Fig. 41). The specific slip systems are (101)[1̅11] 

and (011)[11̅1] and both these systems have a Schmid factor of 0.41, which means that that they 

are equally likely to be activated. In this context, it is worth pointing out that previous studies  have 

also revealed slip only on {110} planes in SC iron samples at RT under quasi-static loading 

conditions [92–94]. 

Second, the contrast from the slip traces was much starker in the case of WA samples 

compared to the PA and SA samples. The stronger contrast, which arises from surface height 
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difference between the slipped and unslipped regions, suggests that dislocation slip is more 

localized in the WA samples.  

 

Figure 39: Deformed microstructure of a (a) PA, (b) SA and (c) WA sample. Slip bands with (110) 

traces are clearly visible within the SC domains. 

The PA samples showed a spatially more uniform distribution of slip traces. An examination 

of the fracture surface of the PA sample (Fig. 40a) illustrates the relative uniformity of slip even 

more clearly. As evident from the figure, there are numerous closely spaced slip traces in the SC 

domains. The slip traces are more prominent in the cross-section since the component of the 

Burgers vector along the width of the sample is larger than the component along the thickness (Fig. 

41). The images in Fig. 40 corresponds to one sample from each architecture but are representative 

of other samples.  
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Figure 40: SEM micrographs of a fractured (a) PA, (b) SA and (c) WA sample. In the PA sample, 

the region outside the red dashed lines correspond to the sample top surface whereas the region 

within the red dashed lines correspond to the fracture surface. The SA sample fractured at an angle 

of 45o to the loading direction near the edge and perpendicular to the loading direction in the middle. 

The WA sample showed a tendency to localize slip along adjacent SC domains oriented in the 

same direction. Two sets of such SC domains are outlined in (c). 

7.4 Discussions 

The experimental results reported in this work reveal how the interplay between 

microstructural length scales and architecture influence the deformation and fracture behavior of 

bimodal Fe films. However, before analyzing the behavior of the bimodal films it is important to 

understand the behavior of the NC and SC domains that constitute these films. Therefore, the 

behavior of the pure NC and SC film is discussed first (Fig. 36a).  

As evident from Fig. 36a, the NC film showed a high σy and a gradual elastic-plastic transition, 

which was followed by nearly perfect plastic behavior (no hardening) until failure. σy is high because 

of the extremely fine mean grain size, whereas the gradual elastic-plastic transition occurs due to 

inherently inhomogeneous nature of deformation at the nanoscale [95]. Similarly, the lack of strain 

hardening results from the inability of the NC grains to store dislocations, which typically originate 
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at a grain boundary, quickly traverse across the grain and get absorbed in the opposite grain 

boundary [6]. The absence of strain hardening leads to strain localization and early failure. It needs 

to be noted that all these characteristics are typical of NC metals in both bulk and thin film form and 

have been extensively documented [84,85]. 

 

Figure 41: Schematic illustration of possible dislocation glide planes, (101) and (011), for SC Fe 

deformed along [112]. The Burgers vector of the dislocations in these planes are also shown. 

Although the behavior of the pure NC film was similar to bulk NC metals, the behavior of the 

pure SC film was quite different from bulk SC samples. The SC film showed a high σy (850 MPa) 

and minimal ductility (ɛf < 1%), which is exactly opposite to the behavior of bulk SC samples [96,97]. 

The high strength could possibly arise from sample size effects and the absence of defects in the 

as-fabricated samples [98]. However, the yield strength of the SC Fe films is still significantly higher 

than the strength exhibited by SC pillar specimens of comparable size under compression [99,100], 

which suggests a tension-compression asymmetry in yield strength of µm-sized SC Fe samples 

[101,102]. While the unusually high yield strength of the SC film is somewhat puzzling, the low ɛf 

can be explained through size effect phenomenon [103]. Once a dislocation source gets activated 

in the SC film, the nucleated dislocations escape to the surface and provide an easy glide path for 
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the following dislocations. Thus, it is difficult for the dislocations to interact, entangle and 

accumulate, which prevents work hardening and leads to strain localization and early failure. 

Next, the behavior of the bimodal Fe film samples based on the deformation behavior of pure 

SC and NC samples was interpreted. The effect of SC and NC volume fraction on the behavior of 

PA samples is considered first. As mentioned earlier, σy of the PA samples increases with 

increasing NC volume fraction because of the co-deformation of the SC and NC domains. However, 

the strength of these samples is about 10% smaller compared to estimates using a simple rule of 

mixtures, which is surprising because bulk heterostructured metals with similar (lamellar) 

architecture show strengths higher than the predictions from a rule of mixtures [104]. 

This conundrum, however, can be explained as follows. When the PA samples are deformed, 

dislocation sources (e.g., single arm sources [105]) are first activated in the SC domains. Since the 

nucleated dislocations have a Burgers vector component along the width of the sample (Fig. 41), 

they are blocked at the interface with the NC domains and form pile-ups. The pile-ups lead to stress 

concentration at the SC/NC interface, which lead to the yielding of the NC domains at an applied 

stress smaller than their intrinsic yield strength. In effect, pile-ups in the SC domains weaken the 

NC domains and lead to a reduction in σy of the PA samples. Once the NC domains yield, strain 

localization occurs immediately because of the intrinsic lack of strain hardening capacity in the NC 

domains and the small volume of SC domains, which limits dislocation storage. As a result, ɛf is 

also quite low. 

The same mechanism can also be used to explain the WSC dependence of strength in all three 

architectures. In PA samples, as WSC increases the number of dislocations that can be 

accommodated in the pile-up increases, and so does the stress concentration. Hence, yielding of 

NC domains occurs at progressively lower applied stress. Hence, PA1.3 sample has the lowest σy 

and PA1.1 sample has the highest σy (Fig. 37a). In the case of SA samples, the SC and NC 

domains do not co-deform and plasticity is confined to the SC domains, leading to the rupture of 
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the SC domains (Fig. 40b). Hence, their strength is independent of WSC (Fig. 37b). However, 

plasticity is more uniformly distributed in the SC domains for small WSC, which leads to relatively 

higher ɛf. 

  

Figure 42: Schematic of dislocation pile-ups in WA samples with different WSC. The number of 

dislocations in the pile-ups does not increase significantly with WSC but the distance between the 

pile-ups (δ) does. 

The WA samples present an interesting contrast to the PA samples wherein their σy increases with 

increasing WSC. The reason for this behavior is as follows: Since the orientations of SC domains in 

the wave pattern (45o and 135o to the loading axis) are relatively close to the slip directions (oriented 

at 60o and 120o), the number of dislocations that can be accommodated in a pile-up does not 

significantly increase with an increase in WSC. In other words, the stress concentration from 

individual pile-ups does not significantly increase with WSC, as shown in Fig. 42. On the other hand, 

the interaction between stress fields arising from pile-ups in adjacent SC domains (inversely 

proportional to the distance between them) reduces because WNC proportionally increases with 

WSC. As a result, the combined stress field of the pile-ups become smaller, which lowers the stress 

concentration in the NC domains. Therefore, σy of the WA samples becomes larger with increasing 

WSC. 
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Figure 43: Schematic of dislocation pile-ups that occurs within SC domains of PA, SA, WA samples 

with different WSC. 

The above-described mechanism also explains the variations across different architectures for 

a given WSC and constant volume fraction of SC and NC domains (section 3.2.3). As illustrated in 

Fig. 43, when WSC = 2.5 μm the PA samples have the lowest stress concentration (smallest pile-

ups) at the SC/NC interface and consequently the highest strength. At this WSC the considerably 

larger pile-ups in the WA sample leads to much lower strength compared to both PA and SA 

samples. As WSC increases, the pile-up length increases for both PA and SA samples while 

remaining relatively unchanged for WA samples. However, since the NC and SC domains co-

deform only in the PA sample, a reduction in strength is seen only for those samples. Contrarily, 
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the greater separation between pile-ups in adjacent SC domains increases the strength of the WA 

samples. As a result, the WA sample becomes stronger than the PA sample at WSC = 10 μm. 

The experimental findings reported here highlight several important aspects of deformation in 

heterostructured metals. First and foremost, the strength-ductility synergy seen in bulk 

heterostructured metals does not translate to small sample length scales. Specifically, the bimodal 

Fe films show lower ɛf than the pure NC film, which is contrary to bulk behavior. This discrepancy 

arises because of the limited volume of the SC domains in the bimodal Fe films, which compromises 

their ability to store dislocations and strain harden. Nevertheless, if the thickness of the films is 

increased sufficiently (> 10 μm), the SC domains should recover their ability to accumulate 

dislocations and harden, which should lead to an increase in ɛf. As the film thickness increases, it 

should also lead to a decrease in strength of the SC domains, which will cause a reduction in the 

strength of the bimodal films. However, by carefully controlling the in-plane dimensions of the SC 

domains it may be possible to retain high strength while simultaneously extending the range of 

uniform macroscopic plastic deformation. 

Secondly, the results emphasize the critical role of the microstructural architecture in 

determining the mechanical behavior of heterostructured metals. While a smaller WSC increases σy 

of PA samples, it has the opposite effect in WA samples. Therefore, to optimize the mechanical 

properties of heterostructured metals, it is imperative to consider the collective effect of the 

microstructural length scales in the fine and coarse domains, the volume fractions of the domains 

as well as their spatial arrangement and connectivity. Finally, the results underscore the importance 

of the interplay between slip geometry and the spatial orientation of the coarse domains – a 

simplified mechanical model that ignores the geometry of dislocation slip would erroneously predict 

the highest σy for PA samples, which is clearly not the case.  

Although the mechanisms depicted in Fig. 42 and 43 qualitatively account for the trends seen 

in σy for all three architectures, they cannot explain certain other aspects of deformation of the 
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bimodal Fe samples. For instance, it is not clear why the strength of SA samples matches or 

exceeds the strength of both PA and WA samples for all values of WSC. Similarly, while both PA 

and WA samples exhibit shear failure (ductile fracture), SA samples rupture perpendicular to the 

loading direction in the middle of the film, which is indicative of brittle fracture. Computational 

simulations based on discrete dislocation dynamics [106,107] and crystal plasticity [108,109] could 

potentially resolve some of these questions and provide a fuller understanding of the deformation 

behavior of these films.  

7.5 Conclusions 

In this study, bimodal Fe films with three distinct architectures were synthesized using a novel 

method and their mechanical behavior was examined using MEMS testing stages. The experiments 

investigated the effect of three parameters – volume fraction of the NC and SC domains, width of 

the SC domains and the overall architecture – on the deformation behavior of the Fe films. The 

main conclusions are: 

1. The strength of the bimodal Fe films is lower compared to the predictions from a simple 

rule-of-mixtures, which is contrary to the trend seen in bulk heterostructured metals. 

2. The width of the SC domains has distinct effects on the behavior of the PA, SA and WA 

samples. Strength increases with decreasing WSC for PA samples, whereas the opposite 

is true for WA samples. WSC does not have a notable effect of the strength of SA samples. 

These contrasting trends emerge due to the interplay between the geometry of dislocation 

slip and the spatial orientation of the SC domains in the different architectures. 

3. The PA samples have the highest strain to failure, irrespective of WSC, since they require 

the SC and NC domains to co-deform. In the SA and WA samples strain localization leads 

to a small ɛf. 
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CHAPTER 8 

CONCLUSIONS 

8.1 Summary of Research Findings 

 This PhD dissertation focuses on the synthesis of metallic films with precisely controlled 

bimodal architectures and the effect of different microstructural architecture on the deformation 

behavior of the films. Here is the summary of the major research accomplishments and findings 

from this dissertation: 

a) A novel method to synthesize the metallic films with bimodal architectures using Si 

substrate was developed. In this case, metallic films grew epitaxially on SC Si wafer 

whereas polycrystalline metallic film grew on SiNx substrate. Using this method, 

heterostructured Cu and Fe films were synthesized and characterized using XRD, TEM 

and EBSD. This method enabled precise control of microstructural parameters like volume 

fraction of NC and SC domains and spatial arrangement and connectivity of NC and SC 

domains. 

b) In the cases where metallic films could not grow epitaxially on SC Si, a different approach 

was designed to synthesize heterostructured metallic films. It can be viewed as an 

extension of the previous method. Here, a buffer layer was deposited on SC Si that enabled 

the epitaxial growth of other metals. This approach was demonstrated for two such 

systems, heterostructured Cr and heterostructured Ni. SC Ag and SC Fe was used as 

buffer layer for epitaxial growth of Ni and Cr respectively.  

c) A new fabrication process was implemented to manufacture MEMS tensile testing stages 

along with the freestanding heterostructured Fe samples. The key accomplishments that 

resulted in the successful fabrication of the MEMS testing stages include reduction of 

residual stress in the heterostructured Fe sample, uniform etching of the samples and 
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redesign of the force-sensing beams to improve force resolution during tensile testing while 

simultaneously avoiding non-linearities. 

d) Uniaxial tensile tests were performed on heterostructured Fe films with different bimodal 

architectures (PA – parallel architecture, SA – series architecture and WA – wave-like 

architecture) at quasi-static strain rate. The key findings from these experiments are: 1. 

The strength of bimodal Fe films is lower compared to simple rule-of-mixtures prediction. 

2. The yield strength increased with decreasing single crystal width (WSC) for PA samples, 

whereas the opposite was true for WA samples. 3. The effect of WSC on the strength of SA 

samples was minimal. 4. In terms of strain to failure (ɛf), the PA samples showed the 

highest ɛf whereas in the SA and WA samples strain localization leads to a small ɛf. 

8.2 Future Work 

 This dissertation research has demonstrated a method to synthesize heterostructured 

metallic films with precisely defined bimodal/multimodal architectures. Although the focus of this 

dissertation has been on understanding and tailoring the mechanical properties, the synthesis 

method could be used to tune other properties of thin films such as magnetic, electrical and shape 

memory. Likewise, there are several possibilities to extend the range of material systems that can 

be tailored using this method. Some of those possibilities are described below.  

a) SC Si wafer was used as the main substrate for the epitaxial growth of metallic films. Other 

substrates like Al2O3, MgO, NaCl can be explored in future to generate a broader variety 

of heterostructured metallic films. In addition, non-metallic systems like ceramics might also 

be amenable for use with this method. 

b) All the tensile testing experiments in this thesis were performed on Fe films with a thickness 

< 2 μm. While these experiments revealed several new insights on the deformation 

behavior of heterostructured Fe films with bimodal architectures, these insights may not 

translate to the bulk scale. For example, the SC domains can have significant strain 
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hardening in bulk samples since dislocations cannot easily escape to the surface. 

Therefore, it is necessary to study the effect of microstructural architectures on the 

mechanical properties of thicker heterostructured films to accurately predict the behavior 

of bulk heterostructured metals. Such a study would require synthesis of significantly 

thicker heterostructured films (20 -30 μm), redesign of MEMS device and modification of 

the tensile testing setup to account for the larger forces and displacements involved. 

c) The heterostructured metal films in this work were synthesized with magnetron sputtering, 

which can utmost be used to create films that are tens of μm in thickness. In contrast, 

electrodeposition is a common, industrially relevant technique that can produce 

films/coating of much larger thickness. The heterostructured metallic films synthesized via 

sputtering can be used as a template for the growth of much thicker films (up to several 

mm) using electrodeposition.  

d) The heterostructured metallic films can act as a template to grow 2D materials like h-BN, 

graphene, or even functional thin films like NiTi. 2D materials show range of interesting 

properties like high carrier mobilities, good thermal conductivity, superconductivity, high 

optical and UV adsorption. This method may provide a pathway to tune the properties of 

2-D materials. 

e) Although chapter 7 focused mainly on the three parameters mentioned above, the 

synthesis method enables a systematic investigation of a much broader set of parameters. 

For example, in addition to changing WSC it is possible to vary the grain size in the 

polycrystalline domains by changing the deposition temperature. Using this approach, the 

microstructural length scale in both the fine and coarse domains can be controlled and 

systematically their interplay can be investigated. Another possibility is changing the 

loading direction to vary the number and type of active slip systems and studying their 

effect on different architectures. Finally, the film thickness can be increased to mitigate 

sample size effects, which will allow us to examine the intrinsic effects of each of these 

parameters. 
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